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Abstract of the Dissertation
Transition Metal Borates as Cathode Materials for Rechargeable Batteries
by
Shou-Hang Bo
Doctor of Philosophy
in
Chemistry
Stony Brook University

2014

High-capacity rechargeable batteries play a central role in a variety of emerging
technologies, including mobile electronics, plug-in and hybrid electric vehicles, and grid-scale
storage. All of these technologies will greatly benefit from the design and discovery of next-
generation cathode materials that can deliver substantially higher energy densities at reduced
cost. Transition metal borates are promising cathode candidates for battery applications, since the
mass/charge ratio (m/z) of borate group (BOs¥) is the lowest among all common polyanion
groups. A variety of borate based compounds were therefore explored as potential Li-ion and

Mg-ion battery cathodes in this dissertation

Comprehensive studies were carried out to understand the complex structural
transformation of LiFeBO3 during battery cycling. It is observed that two distinct oxidative
processes can occur in LiFeBO3 under different conditions, resulting in either delithiation or
degradation. The delithiated and degraded phases share essentially the same Fe-B-O framework

as the pristine LiFeBOj3 phase, and can both reversibly cycle Li, but they differ in the presence



(or absence) of Li/Fe disorder. This subtle structural difference results in a much higher
operation potential for the pristine phase (2.8 V) than the degraded phase (1.8 V). LiCoBOs, with
the same structural framework was also studied. However, it is observed that LiCoBO3 could not

be delithiated due to its extremely low conductivity.

MoyFe,.«B20s x = 2/3 and 4/3y and MgVBO, were investigated for their potential
applications as cathodes for Mg-ion batteries. It is observed that Mg/Fe and Mg/V disorder is
responsible for the low degree of demagnesiation achieved for MgMB,0s and MgVBO, at room
temperature. However, a large degree of demagnesiation was achieved when MgyFe,.xB,0s was
heated in air, suggesting the MgyFe,.«B,Os structure could be demagnesiated if Kinetic

limitations are overcome.
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Chapter 1
Introduction
1.1 Motivation

Global warming due to burning fossil fuels has caused a substantial climate change. A
major contributor on fossil fuel consumption is transportation. In the United States, for instance,
25% of the overall energy was used in transportation in 2006 and it accounted for almost 70% of
the total petroleum that was consumed®. Developing new technologies that could reduce or even

eliminate transportation’s reliance on petroleum is important for reducing carbon emissions.

The widespread application of plug-in hybrid electric vehicles (PHEVS), which utilize
electricity as well as gasoline, is expected to greatly reduce the carbon footprint of automotives.
The core of this technology is a battery pack that can provide enough power to the vehicles.
Lithium ion batteries (LIBs), owing to their high volumetric and gravimetric energy density
(Figure 1.1) 2, are considered to be one of the most promising candidates for such applications.
However, despite the current commercial success of LIBs in high-end portable electronics, their
development and application in PHEVs is impeded primarily by cost, toxicity and safety issues
related to the cathode part. Therefore, discovering economic and environmentally benign cathode

materials is the key to further extend the application of LIBs.
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Figure 1.1. Volumetric and gravimetric energy density comparison of different battery

technologies. Figure is reproduced with permission from Ref 2.

1.2 Li-ion batteries

Prior to discussing the possible ways to overcome the bottlenecks in the development of
Lithium-ion batteries (LIBs), it is worthwhile introducing the basic working mechanism of LIBs

and discussing the critical parameters that determine the performance of a battery.

LIBs based on intercalation and deintercalation of lithium in both electrodes are
rechargeable batteries in which lithium ions are shuffled back and forth between cathode and
anode when cycling (Figure 1.2). For instance, in the case of LiCoO,-based LIBs, LiCoO, and
graphite are used as the cathode and anode respectively. During charging, lithium ions are
extracted from the cathode LiCoO,. Simultaneously, they are transported and inserted into the

anode (i.e., graphite). The electrochemical reactions can be depicted as following:



LiCoO, —» x Li* + Li;«C0o0, + x €

x Li* +x e + 6C— Li,Cg

When discharging, the reactions proceed in the opposite direction. The frameworks of LiCoO,
and graphite remain stable during intercalation and deintercalation, offering the possibility of

charging and discharging the battery for many cycles.

Figure 1.2. Rechargeable LIB with LiCoO, and graphite as cathode and anode respectively.

Figure is reproduced with permission from Ref 3.

Among the many parameters (operation voltage, reversible capacity, thermal stability and
cycling life) which are extremely important to evaluate the performance of a LIB, the energy that
a battery can store or provide is directly related to its operation voltage and reversible capacity.
Operation voltage is determined by the difference of chemical potentials of lithium in the
cathode and the anode. The amount of lithium that can be reversibly inserted into and extracted
from the cathode and anode materials sets the maximum reversible capacity that can be achieved.

For example, LIB in which LiCoO; is the cathode operates on the redox couple of Co**/Co®"



upon delithiation and lithiation which gives an average voltage of 3.7 V (vs. Li*/Li). Only 0.5 Li
can be reversibly extracted from and inserted into the LiCoO, framework when charging and
discharging. As a result, a specific capacity of approximately 140 mAh/g can be achieved. The
gravimetric energy density (i.e., a product of the operation voltage and specific capacity) of such
a LiCoO,-C battery is almost two times as that of the nickel-metal hydride battery, which is the

other major competitor in the battery market.

Although the current portable electronics market is dominated by LiCoO,-based LIBs,
cobalt is toxic, not naturally abundant, and therefore, expensive. It only makes up 20 ppm in the
earth’s crust which is only 1/10° of iron*. Also, the annual production is only 17,000 tons which
is far less than that of iron, manganese and other major industrial metals>. It can be expected that
the price of cobalt will rise continuously over time as more and more cobalt will be extracted
from the crust. Replacing cobalt with other major industrial metals appears to be a feasible way

to tackle this cost issue.

Efforts to seek for better cathode materials for LIBs have never ceased in the past thirty
years. Followed the pioneer work on LiCoO; ® and LiFePO, ', researchers are currently
investigating various materials, especially oxoanion-based materials, as cathodes for battery
applications. A brief overview of the development of cathode materials for LIBs will be provided
in the following discussion. Attempts will be made to correlate the structures of the materials
with their electrochemical performance.

LiCoO,, which was used as cathode in the first commercial LIB developed by SONY,
exhibits the a-NaFeO, layered structure with a space group of R-3m (#166) (Figure 1.3). The
oxygen atoms adopt a cubic close-packed (ccp) arrangement. All the octahedral sites are

occupied by Li and Co, while leaving all tetrahedral sites empty. Possibly owing to the large
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difference of effective ionic radii between Li* (0.9 A) and Co** (0.5 A) &, LiOg and CoOg
octahedra are stacked in an ordered manner alternating along the c-lattice direction. The layered
framework allows two dimensional (2D) electronic conduction as well as lithium diffusion.
Accordingly, it is possible to cycle the materials with a relatively high rate. One of the inherent
drawbacks with this compound is that only 0.5 Li per formula can be reversibly extracted and
inserted which gives a specific capacity of only 140 mAh/g. This is mostly attributed to an
irreversible reversible structural transition after 1/2 Li is extracted *°. Safety issues also arise,
after charging the battery over 4.2 V (vs. Li*/Li), due to the dissolution of Co into the
electrolyte. Therefore, tremendous research efforts have been devoted to finding alternative
cathodes which contain major industrial metals instead of cobalt, leading to the discovery of

LiFePO, as an outstanding cathode.
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Figure 1.3. LiCoO, with a NaFeO, layered structure (R-3m, #166).



LiFePO, (space group Pnma, #62), a naturally occurring insulating mineral, possesses a
distorted hexagonal close-packed (hcp) oxygen array. 1/8 of the tetrahedral sites are occupied by
P, and 1/2 of the octahedral sites are occupied by Li or Fe (Figure 1.4). In LiFePOy, Li and Fe
layers are separated and stacked along the a axis. However, unlike LiCoO,, edge-shared LiOg
octahedra and corner-shared FeOg octahedra are connected along the b axis. This 1D connection
makes LiFePO, a poor ionic and electronic conductor, since the lithium diffusion is constrained
to be one dimensional (1D) and the electron or hole hopping energy barriers are made higher.
Additionally, Li and Fe anti-site'? and/or sarcopside-like defects'® can be present in the LiFePO,
structure. A possible consequence of these defects is the blockage of lithium diffusion pathways
which dramatically affects the rate of lithium diffusion through the framework *. Surprisingly,

1

with simple modifications such as coating carbon *°, reducing particle size *® and doping
aliovalent or isovalent cations *’, LiFePO, can yield excellent rate performance. It is also worth
noting that cycling LiFePQy, in most cases, gives a very flat plateau at around 3.4 V (vs. Li*/Li),
since the electrochemical reaction proceeds through a two-phase reaction pathway (with end
members of LiFePO, and FePO,) ’. The striking similarity between LiFePO,4 and FePO, provides
excellent reversibility. Studies of LiFePOy also highlight the possibility to fine tune the potential
of the Fe®*/Fe** redox couple through crystal structure engineering, such as introducing different
highly covalent oxoanions (Figure 1.5) **°. This finding opened the pathway to investigate other

oxoanion-based cathode materials for LIBs, leading to the discovery of several promising

oxoanion-based cathode materials thereafter.



' i

oud
d!
l ' 908
I Ivad * dinedh
F SRR PR

Figure 1.4. Crystal structure of LiFePO, (left) and FePO, (right).
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Figure 1.5. Positions of Fe**/Fe** redox couples relative to Fermi energy of lithium in different
phosphates (left) and in NASICON structure with different oxoanions (right). Figure is

reproduced with permission from Ref 18.



One of the oxoanion-based cathode materials which has attracted extensive attention in
recent years is Li,MSiO4 (M = Fe and Mn) ??%, As reported by A. Yamada and his coworkers %,
in Li,FeSiOy4 (space group P2, #4), 1/4 of the tetrahedral sites are occupied by cations, and
oxygen atoms adopt an hcp arrangement (Figure 1.6). LiO,4 tetrahedra are corner-shared along
the [10-1] direction, and FeO, tetrahedra are isolated by SiO, and LiO, tetrahedra. Poor
electronic and ionic conductivity is therefore expected in this class of compounds. One great
promise these materials offer is the removal of multiple Li per formula, via the utilization of
M**/M?* redox couple. As a result, a theoretical capacity of ca. 330 mAh/g is possible. However
experimentally, no more than one lithium per formula can be extracted from the host upon
consecutively cycling with a corresponding capacity of approximately 160 mAh/g 2024%2%

Further explorations to realize the 2-electron redox reaction in this type of materials are still

needed.

Figure 1.6. Crystal structure of Li,FeSiO,4 (P21, #4).



Another class of materials which have received considerable attention more recently are
the fluoro-oxoanion-based materials %*%’. The introduction of fluorine atom into the framework
can in principle further raise the operation voltage, owing to the highly electron-withdrawing
character of F. For example, LiFeSO4F % shows a plateau at around 3.6 V (vs. Li*/Li) which is
higher than that of LiFePO,4 (3.4 V vs. Li*/Li). It is also intriguing to note that LiFeSO4F can
give a specific capacity of 140 mAh/g at 0.1C (1C corresponds to fully charge a battery within
one hour, and 0.1 C corresponds to fully charge the battery within 10 hours) without any surface
coating or particle size reduction. This indicates that LiFeSO4F has much better electronic and

ionic conductivity compared to LiFePO,.

Figure 1.7. Crystal structure of LiFeSO4F (P-1, #2).

A class of materials that are closely related to this dissertation research is lithium metal
borates (i.e., LIMBO3, M = Mn, Fe, Co). These phases are promising cathode materials for Li-ion

battery applications, since borate group is light and offers a higher gravimetric energy density



compared to other polyanion systems. While a more complete overview of related research
regarding LiMBO3; phases will be given in subsequent chapters, a brief structural description of
these phase are given here. Two structural types were found to exist for LIMBO3, the monoclinic
form with trigonal bipyramid coordination for both Li and M, and the hexagonal form with
square pyramid coordination for M and tetrahedral coordinated Li. Based on prior work, the
monoclinic form of LiFeBO3 and LiMnBOj3 have shown intriguing electrochemical performance.
The hexagonal form of LiMBO; phases, on the other hand, does not show appreciable
electrochemical activity. This may be related to the peculiar coordination environment of
transition metal in the hexagonal structure of LiIMBOs; (i.e., square pyramid), which is often

found to stabilize either the lithiated or the delithiated phases but not both of them.

1.3 Scope

The primary focus of this dissertation is the study of various borate based cathode
materials for LIBs, although some efforts were also dedicated to Mg-ion batteries which will be
briefly summarized in the last chapter of this dissertation. By combining various structural
characterization tools, especially diffraction and nuclear magnetic resonance (NMR) techniques,
the aim of this dissertation research was to develop a fundamental understanding of structure-
property correlations in borate materials for battery applications. General principles regarding

diffraction and NMR techniques are discussed below.

1.4 Bragg and total scattering

Diffraction or scattering is a principal technique in characterization of solids. The
occurrence of Bragg scattering relies on the presence of periodicity in solids (i.e., presence of

repeating units). Therefore, Bragg scattering is often limited to the characterization of crystalline
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materials. Total scattering, on the other hand, also takes into account diffuse scattering that arises
when "imperfections" in solids are present (i.e., any disruption of the perfect periodicity such as
defects), and can be thus extended to the characterization of amorphous materials such as
glasses. While Bragg scattering can serve as a sufficient tool to characterize the long range
average structure of a crystalline solid, total scattering can provide additional insights to the
short-to-medium range structures of solids, allowing the nature of existing defects to be

unraveled.

Bragg reflection occurs only when Bragg's law is met, that is:

2dsinf=A1

where d is the distance between two adjacent lattice planes in a crystalline solid, & is the so-
called Bragg angle between the incident beam and the reflection planes under consideration
(Figure 1.8), and 4 is the wavelength of the incident beam. The derivation of Bragg law can be
found in almost every chemistry or physics related text books, and therefore, will not be

repeated. Instead, some implications of this formula is highlighted.
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Figure 1.8. Schematic illustration of the Bragg condition.

Since sin @ is less than 1, the lowest d spacing (dmin) that can be probed by a specific
radiation with certain wavelength / is set by the quantity of A/2. Thus in the case of Cu radiation,
which is widely used in laboratory powder diffractometers, dmin is ~0.8 A. Mo radiation, which is
typically used in laboratory single crystal diffractometers gives a dmin of ~ 0.4 A. A modern
synchrotron X-ray beam with a wavelength of ~0.4 A such as the 11BM beamline at Advanced
Photon Source (APS), can probe d spacings as low as ~0.2 A. This limit can be pushed even
further when considering high-energy electrons that are employed in modern electron diffraction
analysis (dmin is on the order of 0.02 A). As the number of Bragg diffraction peaks increases
rapidly with decreasing d, the use of high-energy sources (or beams) often yields sufficiently

large data sets for accurate structural analysis.

Since d is often the quantity of interest, varying either A or & while keep the other
constant can give a measure of d. This consideration leads to two different experimental

methodologies. One uses radiations with specific wavelengths, such as the various radiations
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discussed in the previous paragraph. Information about d can be therefore inferred through
examining the intensities of diffracted beams as a function of 4. The other approach measures
diffraction intensities at one or several fixed Bragg angles with a energy dispersive source, such

as a continuous-wavelength radiation (i.e., the so-called white beam) and time-of-flight neutrons.

Two pieces of information are particularly important in a Bragg scattering measurement:
(1) the angles at which Bragg scattering occur and (2) the corresponding intensities. The angles
as discussed earlier are determined by the Bragg's law. This information correlates with the
lattice dimension of a crystalline solid, which is characterized by the six lattice parameters (a, b,
c, o, B, v). In most cases, one will observe that a few or many peaks are missing in the Bragg
scattering pattern but are predicted by the lattice dimension. These missing peaks arise most
likely from the so-called systematic absences due to the centering of the lattice (e.g., the (100)
peak is missing in a-Fe since the lattice is body-centered) and/or the presence of symmetry
elements in the structure (e.g., glide plane). Therefore, in principle, a close examination of the
Bragg scattering peak positions allows the lattice dimension to be unambiguously assigned, and

the possible space group(s) to be determined.

The corresponding intensities reflect the contents (i.e., compositions) and the
arrangements of atoms within a crystalline solid. This correlation can be best rationalized when
considering the physical processes that occur when an incident beam hits the atoms within a
crystalline solid. The incident beam, either X-rays, neutrons or electrons, can be considered as
electromagnetic waves with characteristic wavelengths and magnitudes. When the incident beam
hits a point source (such as X-ray hits the electrons associated with an atom), this point source
will act as a center for secondary scattered waves. It is these secondary scattered electromagnetic

waves that interfere with each other producing the diffraction patterns. Within the content of
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Bragg scattering, the scattered waves possess the same wavelength as the incident beam.
However, their magnitudes, and relative phases at a specific location in space depend on the
nature of the scattering point sources and their relative positions. Therefore, the diffracted
intensity at where the constructive interference occurs (i.e., where the Bragg's law is met)
depends on the scattering power (magnitude) and the relative positions (phase) of all the point
sources. It should be noted that the scattering power of a specific atom also depends the incident
beam. For the most commonly used X-ray source, the X-ray scattering power of a specific atom
is proportional to the number of electrons associated with it. For instance, the scattering power of
Zn (z = 30) is 10 times higher than that of Li (z = 3). This highlights the difficulty of locating
light elements by X-ray diffraction, especially when heavy elements are present. This difficulty
could be solved by the use of multiple data sets that are collected via different incident beams,

such as X-ray and neutron, a method that is extensively used in this dissertation.

Total scattering is a sum of Bragg and diffuse scattering. The use of total scattering can
provide insights into not only the long range average structure of a crystalline solid, but also the
medium-to-local structures. A particular useful technique in analyzing total scattering data is the
pair distribution function analysis (PDF), which will be discussed in detail in later section. The
measurements of total scattering and Bragg scattering are in many ways similar. A notable
difference is that data with high counting statistics at very low d spacing (or very high
momentum transfer Q) is essential for a total scattering measurement, while the Ad/d resolution
(the sharpness of the peaks) that is important in Bragg scattering is less of importance in total

scattering measurements.
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1.4.1 Powder diffraction

When high quality single crystals are available, single crystal diffraction is undisputedly
the best technique for structural determination of an unknown compound. With the aid of
modern computation, the structural solution can be obtained even within minutes for moderately
complex compounds. However, the most difficult step in a successful single crystal diffraction
measurement is obtaining a high quality single crystal. When single crystals are not accessible,
which is often the case, powder diffraction renders a unique opportunity to characterize the

structure of crystalline solids.

Powder diffractometers are currently routine laboratory instruments. With the advance of
X-ray detector technology, high quality X-ray diffraction patterns can be obtained within a few
hours by a laboratory X-ray diffractometer. The development of high flux, high resolution
synchrotron beamlines offers the possibility to even refine structures of biologically important
macromolecules. Moreover, the recent emergence of spallation neutron sources around the globe
significantly reduced the data collection time of neutron powder diffraction measurements. The
obtained powder diffraction data can serve as an invaluable source for not only phase
identification and structural refinement, but also ab initio structural determination (discussed in

later sections).

The challenge of powder diffraction is manifested in the fact that 3-dimentional (3D)
information (single crystal diffraction samples the 3D reciprocal lattice) is collapsed into 1D in
powder diffraction. An appealing analogy of the information collapse in powder diffraction was
made in the book of Basic Solid State Chemistry, where West described it as overlapping the

complete contents of a book with many pages onto a single page. The primary challenge of
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analyzing powder diffraction data is then readily seen, that is, how to separate the overlapping

information.

1.4.2 Rietveld analysis of powder diffraction data

A milestone in the analysis of powder diffraction data is the birth of Rietveld refinement
28 which is named after the father of this method, the Dutch crystallographer Hugo Rietveld.
Traditionally, structural refinement was carried out through comparisons of the observed
integrated intensities of certain reflections with the ones that are calculated based on specific
structural models. This method significantly limits the use of powder diffraction data in
structural analysis, due to the overlapping peak issues discussed earlier. The Rietveld method
takes a different approach in extracting reflection intensities. Instead of taking integrated
intensity as a single data point, it minimizes the difference between the calculated and the
observed intensities of each step (i.e., each profile point) by assigning peak profiles to every
reflection (either Gaussian, Lorentzian or a combination thereof). Detailed structural
information, such as atomic positions, occupancies and thermal parameters can be obtained in
this way, although a good starting structural model is a necessity. This method of structural
analysis plays a central role in modern structural characterizations, and is frequently utilized in

this dissertation.
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1.4.3 Other tools to analyze Bragg scattering

This section aims to introduce the basic concepts of ab initio structural determination
from powder diffraction data, and maximum entropy method (MEM) in acquiring high-

resolution electron or nuclei density maps.

Although different approaches can be taken in pursuing a structural solution from powder
diffraction data, the steps toward a final structural solution are in general the same: (1) data
collection, (2) determination of the lattice type, (3) extraction of reflection intensities, (4)
determination of the space group, (5) structural solution to produce an initial structural model
and (6) final optimization of the structural model via Rietveld refinement. A particular important
step is data collection, since it provides the foundation for all subsequent work. This highlights
the importance of obtaining a high quality powder sample (e.g., highly crystalline and preferably
single phase) and the best possible diffraction data (often involves the use of synchrotron and/or
neutron sources). The assignment of lattice type and space group is often not easy, and requires
experience and trial-and-error. Once the space group is determined, structural solution can be
attempted in different ways. Two relevant approaches that have been adopted in this dissertation,

i.e., simulated annealing and charge flipping.

Simulated annealing is a direct space approach (i.e., real space approach). Similar to
Rietveld refinement, it probes the parameter space according to a y* statistics. Typically, a trial
structure model will be constructed first by randomly positioning the atoms, based on the
specified unit cell contents and space group information. After comparing with the observations
(i.e., the diffraction data), structural parameters will be adjusted in such a way that minimizes the

difference between the calculated and observed diffraction profiles. However, it should be noted
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that structural models which gives a larger difference is also accepted according to certain
probabilities, to prevent the solution from trapping in local minima. There are various techniques
that can be used to facilitate the structural solution process, i.e., finding the global minima, such
as bond-length restraints, implementation of rigid bodies, and the use of other penalties.

Interested reader can consult Ref 29 for detail.

Charge flipping *, on the other hand, is a dual space approach, meaning it operates on
both real and reciprocal spaces. This method is not as computationally efficient as direct space
approaches, such as simulated annealing. However, it does not require space group information
(the solution carries out in P1) and is extremely simple as only one parameter needs to be
specified (i.e., n). It works in the manner of Fourier recycling, since the real space of a crystal
structure is a unitary mapping of the reciprocal space (i.e., reflection space) with the two spaces
related by Fourier and inverse Fourier transform. This algorithm starts with assigning random
phases (from 0 to 2x) to the observed structure factors while keeping the observed structure
factor moduli (square root of the observed intensity) unaltered. All unobserved structural factors
are assigned to be zero. An inverse Fourier transform was then performed to obtain the real space
electron densities that are distributed onto a user-defined 3D grid. Then, the only parameter, 7,
needed in this algorithm comes into play. This parameter defines a threshold under which the
signs of electron densities will be flipped (the so-called "charge flipping"). The modified electron
densities are subsequently Fourier transformed to form a different set of structure factors (moduli
and phases are both modified). The observed structure moduli are then substituted for those
calculated from the trial electron densities without modifying the phases. A single iteration cycle

is completed by generating a new trial electron density map through inverse Fourier transform of
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the modified structure factors. A structure solution is considered to be found when a convergence

of the total electron densities is met.

Another useful technique in analyzing Bragg diffraction data is the MEM analysis.
Rooted in Bayesian statistics, MEM has been a useful tool in reconstruction of electron/nuclear
density maps from the analysis of diffraction data for a variety of materials. It permits the
visualization of spatial distribution of electron/nuclear densities, and thus the diffusion pathway
to be inferred *.. The use of MEM can produce better resolution electron/nuclear density maps
,and which are not limited to Gaussian probability distribution (in contrast to the routinely used
Fourier synthesis). The latter advantage is critical for studies of ion diffusion. However, caution
should be taken in interpretation of the MEM results, since MEM maps tend to exhibit spurious
details when inappropriately used. Complimentary techniques are therefore needed to test the

accuracy of MEM derived density maps.

1.4.4 Pair distribution function analysis of total scattering data

Pair distribution function (PDF), G(r), is a function of distance r in real space. It
measures the scattering power weighted probability of finding an atom at a specific distance r.
PDF pattern is derived from total scattering data, which accurately measures the Bragg as well as
diffuse scattering components. Of note is that diffuse scattering can also arise from other
background contribution rather than the sample itself. PDF data collection, therefore, requires a
precise measurement of the background contribution. Many excellent reviews about PDF are

available. Interested readers can refer to Ref 32 and 33 for details.
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As an example to better illustrate the general principle about PDF, Figure 1.9 shows a
PDF pattern of Ni with face-centered cubic structure. This data was collected at the beamline
NOMAD of the Spllation Neutron Source at Oak Ridge National Lab, with the use of a time-of-
flight neutron source. The distance at which a peak appears corresponds to a Ni-Ni correlation in
this structure. The integrated intensity is a weighted bond length contribution, i.e., proportional
to the coordination number weighted by the scattering power of the atomic pair. The peak shape

is Gaussian, and reflects thermal vibrations as well as the instrument resolution.

40

Figure 1.9. Neutron PDF pattern of a Ni sample from 0 to 50 A. Inset shows the face-centered
cubic structure of Ni and an enlarged PDF pattern from 2 to 6 A. The first peak at 2.5 A
corresponds to the first coordination shell of Ni with a coordination number of 12. The second
peak at 3.5 A corresponds to the second coordination shell of Ni with a coordination number of 6.

The two peaks should therefore have an integrated peak intensity ratio of 2:1 (i.e., 12:6).
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PDF data can be analyzed in different ways. The most straightforward technique is small-
box modeling, with the use of one or a few unit cells *. This method works similarly as Rietveld
refinement in Bragg scattering, and is used in this dissertation. The counterpart of small box
modeling, i.e., large-box modeling, can be also employed to analyze PDF data. This method is
often coupled with the use of Reversed Monte Carlo technique **, where a large supercell is built

and relaxed to minimize y* with respect to the experimental data.

1.4 Solid state NMR

Solid state NMR is widely used to probe the local structure of both crystalline and
amorphous materials. Solid state NMR spectra almost always exhibit broad peaks due to the
presence of anisotropic spin interactions, such as chemical shielding, dipolar coupling and
quadrupole coupling. This is in stark contrast to its liquid counterpart, where sharp peaks are
often present as the rapid tumbling of molecules in liquid averages all the aforementioned
anisotropic interactions to zero. The substantial anisotropy in solid state NMR, on one hand,
complicates the analysis of NMR data. On the other hand, it provides valuable insights into the
local environment of target nuclei. Therefore, manipulating these spin interactions, or, switching
them on and off in a controlled manner is essential to gain useful information from solid state

NMR measurements .
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1.4.1 NMR of paramagnetic materials

One particularly important interaction worth discussing in further detail in this
dissertation is paramagnetic interactions, since most battery materials contain transition metals as
redox centers and are paramagnetic either in the pristine state or at charged or discharged states.
These paramagnetic interactions can often produce NMR shifts that go far beyond the typical
shift range for diamagnetic materials. For instance, the 'Li hyperfine shift for Li in LiFeBOj3 s at
-233 ppm while Li in most diamagnetic materials resonates at around 0 ppm. The dipolar
interactions between target nuclei with unpaired electrons also significantly broaden the NMR
spectra, making it difficult to resolve isotropic peaks. However, valuable structural information
is often embedded in such paramagnetic interactions, as these NMR interactions are very
sensitive to the electronic structure of the materials. It is often straightforward to distinguish

between target nuclei containing in diagmagnetic materials and paramagnetic materials *'.

Paramagnetic interactions are often composed of two parts, i.e., the through bond
interaction (Fermi-contact) and the through space interaction (dipolar). The Fermi-contact
interaction occurs through electron density transfer from the paramagnetic centers to the target
nuclei ("Li in "Li NMR), either directly or indirectly through intervening bonding atoms (such as
0). This interaction is, therefore, sensitive to the bonding environment of the NMR target nuclei
(such is Li-O-metal bonding distances and angles). The through space dipolar interaction occurs
between the NMR target nuclei (such as Li) and the time-averaged magnetic moment produced
by the unpaired electrons associated with the paramagnetic centers. When only isotropic
magnetic moment is concerned, this dipolar interaction produces a large anisotropy that can be
described by a second-order tensor (similar to chemical shift anisotropy), but with no overall

shift. The anisotropy can be averaged by magic angle spinning as will be discussed in later
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section. If magnetic anisotropy is present (often due to the asymmetry of orbital configurations),
an overall shift (pseudo-contact shift) will be produced as well as a large anisotropy. This

anisotropy, however, cannot be removed by magic angle spinning.

1.4.2 Magic angle spinning (MAS) NMR

MAS NMR is currently a routine technique to achieve high resolution NMR spectra by
removing or partially removing the large anisotropy caused by chemical shift interaction, dipolar
coupling and quadrupole coupling. A typical MAS NMR experiment typically involves the rapid
spinning of the sample in a rotor about a spinning axis of 54.57<(the so-called "magic angle™)
with respect to the applied magnetic field. The underlying principle is that all the aforementioned
anisotropic interactions are angular dependent with a form of 3cos’0 - 1 (to a first order
approximation). when spinning at the magic angle, 3cos?54.57°- 1 goes to zero and the
anisotropic interactions vanish. The effect of MAS is readily seen in Figure 1.10, where the static
and MAS NMR “Li NMR spectra of LiFeBO; are compared. The MAS NMR spectrum is
characterized by an isotropic peak and several spinning side bands due to the incomplete
averaging of the anisotropy under MAS. The separation between spinning side bands, and
between spinning side band and the isotropic peak is governed by the spinning speed. These
spinning sidesbands can be in principle completely removed when the spinning speed exceeds
the overall anisotropy of all the present NMR interactions. However, due to instrument
limitation, modern equipment can only spin up to 50-100 kHz. The fact that many quadrople and
paramagnetic interaction are on the scale of MHz or hundreds of kHz makes the complete

removal of spinning side bands an impossible task. When multiple resonances are present,
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resolving isotropic peaks becomes increasingly difficult. This motivates the use of other spinning
sideband removal pulse sequence, such as pjMATPSS *® (see discussion in later chapter), to

improve the resolution of NMR spectra.

38 kHz

20 kHz

Static

6000 4000 2000 O  -2000 -4000 -6000
PPM

Figure 1.10. Comparison of 'Li NMR spectra of LiFeBOs that were collected under static, under
spinning conditions. While the static spectrum is characterized by the presence of a broad and
featureless peak, with increasing spinning speed, higher resolution spectra can be obtained which

clearly separate the isotropic peak from spinning side band manifolds.
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Chapter 2

Degradation and (de)lithiation processes in the high capacity battery material LiFeBO5"

2.1 Introduction

LiFePOy is one of the more promising cathode candidates for Li-ion battery applications,
because of its inexpensive constituents and “safe” operating voltage. However, its lower energy
density relative to other competing technologies such as LiNi;;3sMny3C0130, has driven research
efforts to find “safe” cathode materials that operate below about 4.1 V with high capacities.
LiFeBOs is a possible alternative to LiFePO, because of its larger theoretical capacity (220 vs.
170 mAh/g for LiFePO,4). A number of attempts have been made to access its theoretical
capacity with a greatly varying degree of success since it was first proposed as cathode material

for lithium-ion batteries in 2001.

Prior structural studies on LiFeBO3 have determined that the structure is monoclinic with
a space group of C2/c and contains trigonal planar BO3; building blocks, as shown in Figure
2.1%. Both Li and Fe cations were reported to adopt an asymmetric trigonal bipyramidal
coordination geometry, in which the central atoms are shifted off-center giving two partially
occupied split sites rather than a single fully occupied site. The oxygen atoms in this structure
adopt a distorted hexagonal close packed (hcp) array. The FeOs trigonal bipyramids are edge-
shared along the [10-1] direction, providing the primary pathway for electronic transport. The
LiOs polyhedra in this structure are edge-shared and run along the [001] direction. Based on the
observed crystal structure and electronic structure calculations performed by Seo and coworkers,
the most probable Li diffusion pathway is the channel in this [001] direction®. We have recently
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redetermined the structure of this material using single crystal diffraction methods and found that
the structure of LiFeBOjs is in fact commensurately modulated *. The modulation results in a
tetrahedral coordination environment for Li. This and earlier structural determinations suggest
that LiFeBOg is a 1D ionic conductor with electronic conductivity that is similar to its olivine
counterpart LiFePQOy, i.e., low. From this, it can be inferred that nanostructuring and carbon-

coating may be required to obtain good electrochemical performance.

Figure 2.1. Crystal structure of monoclinic LiFeBO3 with space group of C2/c viewed along
[001] direction to emphasize the pseudo-trigonal symmetry in the planar layers of BO3 triangles,
FeOs trigonal bipyramids, and LiOs trigonal bipyramids. Figure is reproduced with permission

from Ref 1.

Accessing the large theoretical specific capacity of LiFeBO3; has not been a trivial
exercise. The electrochemical performance of LiFeBO3; was first investigated in 2001 with a
reported capacity of less than 10 mAh/g under an extremely low rate (C/250 ). When the

material was revisited by Dong and coworkers, carbon coating was employed to facilitate the
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electronic transport during cycling®. Even though they were able to achieve a better
electrochemical performance in terms of the observed capacity (150 mAh/g), a large polarization
was observed and only 60 mAh/g were delivered below 4.5 V on charging. Very recently,
Yamada and coworkers achieved a large reversible capacity of approximately 190 mAh/g by
carefully preparing electrode samples under an inert Ar atmosphere?®. They attributed the
performance improvement to the prevention of air exposure and the minimization of material
degradation. In their work, it was convincingly demonstrated, by M&sbauer spectroscopy that
Fe (I1) was mostly oxidized to Fe (Ill) after prolonged air exposure, especially at elevated
temperature. However, the underlying mechanism of degradation and capacity loss remains
unclear and a method for improving the performance of this promising material at high rates is
still desired. A thorough understanding of the degradation issue will be a crucial step towards
minimizing degradation and improving battery performance. LiFeBO3and its substituted variants
could be excellent cathode candidates for the next generation of lithium-ion batteries if such

performance enhancements are realized.

Oxidation or degradation of electrode materials, and in particular nanomaterials, by
moisture attack at ambient conditions or moderately high temperature has been well documented
in the literature. One notable example is the vulnerability of nano-LiFePO, to moisture attack®.
The degradation of Fe?*-containing materials upon air exposure generally involves both
delithiation and oxidation of Fe?*. Also, the impurity phases generated upon air exposure such as
LiOH and/or Li,COs3, can in many cases cover the surfaces of the pristine particles in a manner

that can harm their electrochemical performance.

X-ray diffraction (XRD) techniques are widely used to characterize the structural

evolutions of the battery materials during the process of degradation. However, X-ray methods
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are not very sensitive to changes that involve light elements such as Li, B and O. Neither are they
sensitive to the formation of amorphous components. Nuclear magnetic resonance (NMR) is a
probe that is particularly sensitive to the local environment of target nuclei and is not limited to
the characterizations of crystalline materials®. In addition, electron energy-loss spectroscopy
implemented in the transmission electron microscope (TEM-EELS) enables maps of the spatial
distribution of the main constituents in samples and allows their valence states to be determined®.
To complement laboratory and synchrotron XRD studies of this system, we have carried out
detailed structural analyses using "Li solid state NMR, electron microscopy, TEM-EELS and X-
ray absorption spectroscopy (XAS) techniques for a variety of LiFeBO3; preparations with
different particle sizes. The structural and chemical information obtained in the measurements
were analyzed in the context of the electrochemical performance of these samples. We discuss
the particle-size dependence of degradation, likely products of the degradation, and a suggested
mechanism for the degradation of LiFeBO3;. An optimized electrode preparation method was
developed based on our understanding of the degradation process of LiFeBO3 upon air exposure.
The (de)lithiation processes of LiFeBO3; were then investigated by galvanostatic cycling and

galvanostatic intermittent titration techniques (GITT).

2.2 Experimental

Synthesis: LiFeBO3 was prepared through the solid-state reaction of precursors under an
actively reducing atmosphere of forming gas (5% H2/95% Ny). In a typical synthesis of carbon-
free ceramic LiFeBO3, 3g of the powders precursors of LiBO, (pre-dried) and FeC,04 2H,0

were combined in a stoichiometric ratio and ball milled for 30 minutes in a SPEX
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SamplePrep8000 Mixer/Mill high-energy ball mill. The resulting fine powders were then put into
a graphite crucible and transferred into a tube furnace, which was sealed and purged with No.
Following calcination at 350 <C for 10 hours to decompose FeC,0, 2H,0 and remove moisture,
the reaction temperature was ramped up to 650 <C for 20 hours under a heating rate of 100 <C/h.
After the furnace was cooled to room temperature, the reaction products were removed from the
furnace and immediately transferred to and stored in an argon glove box until the time of their
characterization. A second synthesis route was utilized to produce a carbon coating that reduced
particle size. This LiFeBOs/C synthesis differed only in the reaction precursors, which were
Li,CO3, FeC,04-2H,0 and H3BO; to which citric acid was added as the carbon source. Two sets
of samples were prepared with targeted carbon contents of 10 wt% and 20 wt%, with the amount
of added citric acid calculated based on the assumption that pure carbon is formed with a 100%

yield.

Characterization: Room temperature powder XRD data were measured using a Bruker
D8 diffractometer with Cu K, radiation, a 300 nm working radius and a 192 channel LynxEye
detector whose energy window settings (lower level of 0.19 V, window width of 0.06 V) were
set to minimize the influence of iron fluorescence on the collected data within the modest energy
resolution of the detector (25%). Synchrotron XRD data was collected at beamline 11-BM of the
Advanced Photon Source with a constant wavelength of approximately 0.41 A with samples first
loaded and sealed into a 0.5 mm diameter glass capillary and then secured in a secondary Kapton
capillary. Variable-temperature in situ XRD experiments were performed on a Rigaku Ultima-1V
diffractometer equipped with a heating stage and a 128 channel X-ray detector capable of energy
discrimination’. Rietveld refinement was performed with the Topas software package, version

4.2 (Bruker AXS).
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In the "Li MAS NMR experiments, a 1.8 mm HX probe was employed on Chemagnetics-
200MHz spectrometer with a 4.7 T magnetic field. A rotor-synchronized spin echo sequence
(m/2-t-m-t-acquisition) was utilized. The operating frequency was 77.71 MHz and the pulse
width was 2.75 pus (n/2). A recycle delay of 0.1 s was used. The external reference was 1 M LiCl

set at O ppm.

X-ray absorption spectroscopy (XAS) data on the Fe-K edge were collected at the X18A
and X19A beamlines of the National Synchrotron Light Source (NSLS) using a Si(111) double-
crystal monochromator in transmission mode. The beam intensity was reduced by 30% to
minimize the high order harmonics. Reference spectra (Fe metallic foil) for the energy
calibration were collected simultaneously with all of the sample spectra . The X-ray absorption
near edge structure (XANES) and extended X-ray absorption fine structure (EXAFS) spectra
were processed using the Athena software package®. The AUTOBK code was used to normalize
the absorption coefficient, and separate the EXAFS signal, y(k), from the isolated atom
absorption background. The extracted EXAFS signal, y(k), was weighted by k* to emphasize the
high-energy oscillations and then Fourier-transformed in a k-range from 3.0 ~ 11.0 A™ using a
Hanning window with a window sill (Ak) of 2.0 A™ to obtain magnitude plots of the EXAFS

spectra in R-space (A).

TEM images and EELS spectra were recorded at 200 kV in a JEOL2100F microscope
equipped with a Gatan image filter (GIF) spectrometer whose energy resolution is about 1.1 eV,
as judged by the FWHM of the zero-loss peak (ZLP). Spectra were recorded in both scanning
TEM (STEM) mode for local analysis and electron diffraction (ED) for average information.
Energy filtered TEM images were recorded at 300 kV using a FEI Titan TEM, also equipped

with GIF spectrometer. Compositional analysis was obtained through integrating intensities of
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the O K edge and Fe L3 edge EELS responses after background subtraction, which were recorded
simultaneously as a ~1 nm beam was step-scanned across the sample in the STEM mode of
operation, with a step increment of 1.5 nm. The information about the valence state of iron is
encoded in the near-edge fine structure of the edge peaks, whose onsets were around 536 eV (O

K edge) and 706 eV (Fe L3 edge).

Electrochemical testing was done in a 2032 type coin cell using an Arbin battery cycler.
The electrolyte was 1 M LiPFg in a 1:1 volumetric mixture of anhydrous ethylene carbonate (EC)
and anhydrous dimethyl carbonate (DMC). For standard LiFeBO3 cathode preparations, 70 wt%
of active material, 20 wt% of Super P and 10 wt% of polyvinylidenedifluoride (PVDF) were
mixed and ground thoroughly with 1-methyl-2-pyrrolidone (NMP) in an Ar glove box. The
slurry was cast onto an Al foil and then dried in a vacuum oven overnight at 60 <C. Circular
disks with a diameter of approximately 14 mm were punched with a loading of ca. 2-3 mg of
electrode materials. In the optimized preparation of electrodes for galvanostatic cycling
experiments, Super P, PVDF and NMP were dried before use. The cut-off voltage was 4.7 V for
charging and 1.3 V for discharging. For the galvanostatic intermittent titration (GITT)
measurements, a series of current pulses were applied (1/50 C) to the assembled coin cells. The

cells were then allowed to relax for a user-defined time after each current pulse.

2.3 Results and discussion

2.3.1 Synthesis and particle size control by carbon-coating

There are two primary challenges in the synthesis of highly pure LiFeBOs. First, Li and B
are both potentially volatile, and any Li and/or B loss during the synthesis can force the system
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to off-stoichiometry. Second, Fe(ll) is generally not a stable iron oxidation state in air at the
synthesis temperatures of LiFeBOs, and rigorous control of the oxygen partial pressure is
therefore required to ensure that no other valence of iron is present in the product. For the
synthesis of highly pure ceramic (carbon-free) LiFeBOs3, LiBO, was chosen as the Li and B
source owing to its relatively high melting temperature (approximately 850 <C) with respect to
the synthesis temperature (650 <C). An actively reducing atmosphere was chosen (5% H2/95 %
Ny) to drive the formation of Fe(ll), regardless of the initial oxidation state of the Fe-containing
precursor (typically FeC,042H,0). Smaller particle sizes were targeted in a second set of
syntheses using citric acid as the carbon source (nominally 10 wt% or 20 wt% C in the final
product) to limit grain growth and enhance electronic transport in the battery electrode. Li,COs,
H3BO; and FeC,04-2H,0 were used as the precursors for these syntheses, which were typically
carried out at the same temperature as for ceramic LiFeBO;. Synchrotron XRD studies on
representative samples were used to quantify the presence and prevalence of impurities (wt%)
through Rietveld analysis, while SEM analysis were utilized to qualitatively assess particle size
(Fig. 2.2). The average particle sizes of LiFeBO3/C with nominally 10 wt% C and 20 wt% C are
around 200 and 100 nm respectively (denoted as 200 nm LiFeBO3/C and 100 nm LiFeBOs/C for
later discussion), both representing a substantial reduction from that of the native ceramic (2-3
am) prepared at the same temperature. Both sets of LiFeBO3/C samples contained a small
minority of one micron (or larger) sized particles. All preparations contained from 3% to 10% of
the Fe3BOs impurity phase, the amount increasing noticeably for the sample with the smallest
particle size. FesBOs was also observed as the major impurity (~10%) in other reported
syntheses?®. A preliminary TGA determination of the carbon content suggests that the particles

contain at most 6.3 and 11.3 wt% carbon for the 200 nm and 100 nm LiFeBO3 particles,
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respectively. It is worth noting that partial oxidation of Fe prior to the TGA experiment would

cause the true carbon content to be slightly lower than these values.
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Figure 2.2. Rietveld refinements of the ceramic (carbon-free) LiFeBO3 (top), 10% C LiFeBO3/C
(middle) and 20% C LiFeBO3/C (bottom), and their corresponding SEM images on the right.

Figure is reproduced with permission from Ref 1.

Further insights into particle size distribution and the nature of the carbon coating were
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obtained by TEM and STEM imaging, as shown in Figure 2.3. For the 200 nm LiFeBO3/C
composite, a non-uniform size distribution is observed, typically ranging from 10 nm to 200 nm
or even bigger (Fig. 2.3a). A thin layer of surface carbon coating, of about 2-3 nm, can be also
discerned from high-resolution TEM (HRTEM) images (Fig. 2.3b). The surface carbon is mostly
amorphous. The EELS elemental mapping highlights the distribution of carbon across a big area
of the composite (Fig. 2.3c-f). Most of the particles were wrapped in the amorphous carbon,
which is critically important for their electrochemical performance. The 100 nm LiFeBO3/C
composite is very similar to the 200 nm one, except that the particle size is smaller. A broad size
distribution of particle sizes was also observed in TEM experiments, ranging from a few

nanometers to more than 100 nm (Fig. 2.4).
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Figure 2.3. Morphology and surface carbon coating of the as-prepared LiFeBO3 particles by (a)
annular dark-field (ADF) STEM image; (b) high resolution TEM (HRTEM) image; (c) bright
field (BF) TEM image; (d) Fe-L,3image; () C-K image; (f) false colored compositional image
with red color for Fe and green for C. Data was collected and analyzed in collaboration with Dr.
Feng Wang from Brookhaven National Laboratory. Figure is reproduced with permission from

Ref 1.
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Figure 2.4. Micrograph of the 100 nm LiFeBO3/C with approximately 20 wt% carbon by an
Annular dark-field (ADF) STEM image. Data was collected and analyzed in collaboration with
Dr. Feng Wang from Brookhaven National Laboratory. Figure is reproduced with permission

from Ref 1.

2.3.2 Signatures of the LiFeBO3 degradation

X-ray diffraction (XRD) experiments were used to track the cell parameter changes in
LiFeBO3 during degradation. Figure 2.5 shows the XRD patterns of the 200 nm LiFeBO3/C
composite after 1 — 6 days of air exposure at room temperature. Although the changes were very
small, it was observed that the original reflections in several 20 regions begin to merge after air
exposure. A closer look at the Miller indices of these reflections reveals that it is the hkl and hk-I
peaks that tend to merge together after extended air exposure. Considering that the pristine
LiFeBO3; phase has a monoclinic structure with p = 91.39< it is likely that the degraded LiFeBO3

phase possesses a higher symmetry (possibly orthorhombic) than that of the pristine one, whose
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lattice parameters can equivalently be described by a LiFeBOs-type monoclinic cell but with g =
90< Thus, hkl and hk-I peaks likely become symmetry equivalents in degraded LiFeBO3. The
change in symmetry is not a continuous one, as can be seen in the inset of Figure 2.5. The 112
and 11-2 peaks of the pristine monoclinic LiFeBO3 decrease in intensity while the new peak
from the degraded phase located in between increases in intensity, without any resolvable shifts
in peak position during the conversion process even at this optimal position for monitoring the

structural changes.
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Figure 2.5. XRD patterns of 200 nm LiFeBO3/C after 1-6 days of air exposure at room
temperature. The inset highlights a new reflection that results from the degradation and which
could be indexed as the 112 reflection (blue label) of a higher symmetry orthorhombic cell. An

orthorhombic cell might result when the monoclinic B angle is decreased to 90°. The lack of
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observable shifts in the LiFeBO;3; cell parameters of the original phase, as evidenced by the
positions of 112 and 11-2 peaks (red labels) of its monoclinic lattice, indicates a discontinuous
symmetry change during the LiFeBO3 degradation. Figure is reproduced with permission from

Ref 1.

This data clearly indicates that 200 nm LiFeBO3 particles can be substantially degraded
even at room temperature, and underscores the difficulty of accessing the intrinsic capacity of the
nano-scale LiFeBOs. Typical routes for preparing battery electrode films usually involves drying
the electrode material at elevated temperature (100 <C or even higher) in air, conditions which
would be expected to accelerate LiFeBO3; degradation and result in a serious capacity loss even
before the first cycle. Although X-ray diffraction clearly shows evidence for the formation of a
degradation product with a crystal structure different than that of LiFeBOg, there are limited
opportunities for obtaining more detailed structural information from X-ray studies due to the
weak X-ray peak intensities in these light-element phases and the high degree of peak-overlap

between the X-ray peaks of the original and degraded phases.

The signature for LiFeBO; degradation is more direct in the ‘Li solid-state NMR
experiments. The degradation during electrode preparation can be readily monitored by
following the peak intensity of the Li signal due to Li loss from the structure. Lost Li cations no
longer neighbor paramagnetic Fe ions, and therefore give a simple diamagnetic response with a 0
ppm chemical shift (Fig. 2.6). As-prepared ceramic LiFeBOj3 has a single resonance with an
isotropic shift of -233 ppm, and is essentially free of diamagnetic Li. This large isotropic (Fermi-
contact) shift is caused by a through-bond hyperfine interaction between the paramagnetic

centers (Fe**) and the observed nuclei ('Li), via the intervening oxygen atoms. All other
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observed peaks are spinning side bands, which arise from partial averaging the dipolar coupling
of Li nuclei to the unpaired electrons associated with Fe?* by magic angle spinning (MAS). After
ball milling with C under Ar protection, a weak resonance at around 0 ppm was observed from
the creation of a Li-containing diamagnetic phase. The spectrum following mixing of the ball
milled powder with NMP and PVDF in an Ar glove box and drying under vacuum at 60 C
overnight contains an even stronger resonance at 0 ppm, indicating that Li was lost from the

framework of LiFeBOj3 during this method of preparing the cathode film.
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Figure 2.6. "Li MAS NMR spectra of the as-prepared ceramic LiFeBOs, the LiFeBO3/C mixture
and the electrode film. The isotropic resonances are marked with dashed lines; the remaining
peaks are spinning side bands that originate from MAS. The cartoon on the left illustrates the
method used to prepare the electrode film. Data were collected at a spinning speed of 35 kHz.

Figure is reproduced with permission from Ref 1.
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The two preparation steps are expected to cause degradation in different manners. High-
energy ball milling generally reduces the particle sizes dramatically and creates new, highly
reactive surfaces, which likely leads to the observed degradation of LiFeBOs;. During the
electrode film preparation, absorbed moisture in the carbon, PVDF or NMP components can
directly contribute to the oxidation of the LiFeBO3 surface and the accompanying Li loss. Due to
these facile degradation processes, the inherent electrochemical capacity of LiFeBO3 will be very
difficult to access in batteries prepared using this method. Thus, an optimized electrode
fabrication process was used in which solvents or liquid components involved were dried by
molecular sieves before use, and all the powders or solid components were dried at 100 <C in an
oven. Moreover, the ball-milling step was eliminated. As can be seen in Figure 2.7, the
resonance at 0 ppm is very weak in electrode film fabricated by this manner, which indicates that

the degradation of LiFeBO3 during electrode fabrication can be effectively controlled.

Prepared electrode 200 nm LFB/C' composite

Pristine 200 nm LFB/C' composite

2000 1000 0 1000 -2000
Relative Frequency (ppm)

Figure 2.7. 'Li MAS NMR spectra of the pristine 200 nm LiFeBOs/C composite and the
corresponding prepared electrode film. Data were collected at a spinning speed of 35 kHz. Figure

is reproduced with permission from Ref 1.
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2.3.3 Degradation mechanism of LiFeBO3

The use of in situ XRD techniques at elevated temperature allowed the structural
evolution of 200 nm LiFeBO3/C during the degradation to be captured in a single experimental
run. In a typical experiment, 200 nm LiFeBO3/C was mounted on the heating stage of a
diffractometer, and the diffraction patterns were collected while heating. As highlighted in the
zoomed-in region of Figure 2.8, the diffraction patterns start with two symmetry-related
reflections in the signature regions (112 and 11-2 peaks viewed between 20 = 25.5° and 20 =
27.59, and one degraded phase peak grows to be dominant at the end of the reaction. Although
there are clearly microscopic changes in the patterns, the large changes in the peak positions and
intensity do not occur during degradation. This indicates that the long-range structure change
occurring to LiFeBO; is likely due to subtle changes in occupancies, bonding, and/or
coordination, but most likely does not involve radical changes in the iron borate structural

framework, at least until 150 <C.
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Figure 2.8. In-situ X-ray diffraction patterns of the LiFeBO3/C composite with an average
particle size of 200 nm during heating up to 150 <C in air over 30 hrs. The temperature was
ramped at a rate of 10 <T/min, and then stabilized for ~30 mins at target temperatures (60 <C,
80 <C, 100 T, and 150 <T) before collecting scans. Each scan took approximately 80 minutes,
and the temperature remained constant while scanning. Data was collected and analyzed in
collaboration with Dr. Wengian Xu from Stony Brook University. Figure is reproduced with

permission from Ref 1.

Degraded 200 nm LiFeBO3/C samples formed by heating at 100 <C in air for variable
times were further characterized using ex situ ‘Li MAS NMR (Fig. 2.9). Although XRD results
suggest only small structural differences between the pristine and degraded phases, the NMR

results show very different responses from Li in the phases formed during degradation. After 12
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hours at 100 <C, two new resonances were observed together with the -233 ppm resonance of the
Li in the pristine material. One new resonance with a shift of around -3 ppm is ascribed to Li
contained within a diamagnetic phase, while the second resonance with a shift of around +218
ppm is ascribed to Li nearby paramagnetic iron centers. On the basis of prior NMR studies of
lithium iron(1l) and iron(l1l) oxides and phosphates, a shift to higher frequencies is generally
associated with an increase of iron oxidation state’. For example, large positive ®’Li Fermi
contact shifts are observed for a number of Fe(lll) containing phosphates, such as LiFeP,0y,
monoclinic LizFe,(PO4)s and rhombohedral LisFe,(POg4)s. Thus, the 218 ppm peak was assigned

to Li in an Fe(l1)-rich environment.
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Figure 2.9. Ex situ 'Li MAS NMR spectra of the 200 nm LiFeBO3/C composite before and after
heating in air. Data were collected at a spinning speed of 30 kHz. Figure is reproduced with

permission from Ref 1.

With increasing heating time in air, the -3 ppm and +218 ppm resonances continuously
grow in intensity while the -233 ppm resonance decreases (Fig. 2.9). After 60 hours of exposure,
the resonance due to pristine LiFeBO3; has almost disappeared. No obvious changes in
chemical/Fermi contact shifts occurred during the entire time course studies, suggesting that the
principal Li-containing phases (environments) signified by these three resonances are not
substantially modified during the degradation process, although their relative intensity clearly
varies dramatically. In particular, it suggests that the Fe valence state is essentially constant in

both the original LiFeBO3; material and in the higher valence degradation product, and that
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neither phase has a variable Li content. This implies that the Li loss from LiFeBO;3 that
accompanies degradation results in an immediate structural transformation to a new phase that is
Li-poor and contains Fe in a higher oxidation state. The fact that the degraded phase still exhibits

a 'Li NMR signal suggests that Fe in the phase is not fully oxidized to Fe(lII).

Investigations into the degradation-induced changes in Fe valence and local structure by
X-ray absorption spectroscopy were carried out through ex situ experiments using 200 nm
LiFeBO3/C samples treated at 100 <C in air. Normalized Fe K-edge XANES spectra of the
product after different degradation times are compared to the reference compounds of Fe(I1)Cl,
and Fe(I11),03 in Figure 2.10a. Spectra always contained both a pre-edge feature (labeled "A™)
and a main edge feature (labeled "B"). The expected Fe(ll) valence of the initial pristine
LiFeBO3/C composite is seen in its XANES spectrum, which has an edge position that is close to
the Fe(I)Cl, reference compound. While heat treatments definitely result in the oxidation of
iron, the XANES spectrum of the final 120 hr product falls midway between that of the Fe(ll)
and Fe(lll) reference compounds suggesting that the fully converted degradation product does
not have fully oxidized iron, consistent with the "Li NMR results, which also suggested that a

mixed Fe(11)/Fe(11T) compound was formed.
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Figure 2.10. (a) Normalized Fe K-edge XANES spectra of the 200 nm LiFeBO3/C composite
with different degradation times as compared to the reference iron compounds (Fe(I1)Cl, and
Fe(l11)203). The inset shows detailed features in the pre-edge region A from 7108 to 7120 eV.
The arrow marks an isosbestic point, a feature that is only present for the first 12 hrs. (b) Fourier
transforms (FTs) magnitudes of the of EXAFS spectra, suggesting that a second Fe-containing
degradation phase with octahedral iron is present after 24 hrs. The phase shift in the FTs was not
corrected. Data was collected and analyzed in collaboration with Dr. Kyung-wan Nam from

Brookhaven National Laboratory. Figure is reproduced with permission from Ref 1.
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A closer look at the changes in the XANES features suggests that the degradation process
of 200 nm LiFeBOs/C involves more than two Fe-containing species. The XANES spectra
changes can be divided into two stages during the degradation: in the first 12 h of degradation, an
increase in the pre-edge peak A intensity was observed while the main peak B corresponding to
1s—4p electronic transition decreased. Notably, there appear to be isosbestic points at ~7113 and
~7134 eV (latter indicated by an arrow in Fig. 2.10a), which suggests that the degradation
process involves only two Fe-containing phases during this period, pristine LiFeBOs; and a
degraded phase having a higher oxidation state (likely the Fe(lll)-rich phase observed in the
NMR experiments). Beyond 12 h, the peak intensities vary in the opposite manner (A decreases,
B increases) and no isosbestic point exists, indicating that at least one more iron-containing
phase is present. This phase could either represent a new phase such as an iron oxide or borate,

or change in oxidation state in an existing phase that substantially modifies its XAS response.

Insights into the Fe local structural changes that accompany the degradation process can
be obtained from the pre-edge A feature. Pre-edge absorption is attributed to the electric dipole
forbidden transition from a 1s electron to an unoccupied 3d orbital (which can be partially
allowed in the presence of electric quadrupole coupling due to 3d-4p orbital mixing arising from
a non-centrosymmetric Fe-O coordination environment). LiFeBO3, with its trigonal bipyramial
FeOs coordination, has a pre-edge peak intensity that is substantially higher than those of the
reference compounds Fe(Il)Cl, (octahedral FeOg) and Fe,Os; (mixed octahedral FeOg and
tetrahedral FeO,) (Fig. 2.11). A close look at the pre-edge feature of pristine and degraded
phases (inset of Fig. 2.10a) shows that it is at least a doublet (with the two dominant peaks
labeled A; and A, in order of increasing energy). This doublet likely results from the presence of
multiple phases that have different oxidation states (e.g., Fe(ll) and Fe(lll)). The A; feature is
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present in highly pure ceramic LiFeBO3; while the A, feature appears to be absent (Fig. 2.11),
suggesting that the A, feature is indicative of the main degradation phase. Over the first 12h, the
observed enhancement in the A; intensity relative to the A; peak intensity indicates the growth of
the main degradation phase with the sacrifice of the LiFeBO3; phase. Beyond 12h, the net
intensity of the pre-edge features (primarily A; and A;) decreases relative to less degraded
samples. This decreased pre-edge intensity can be correlated to symmetry changes of the Fe-O
coordination environment, which could potentially assigned to the formation of an iron
compound with an octahedral FeOg environment by analogy to the behavior of reference

compounds.
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Figure 2.11. XANES of the highly pure ceramic (carbon-free) LiFeBO3. The presence of A;
feature is due to the noncentrosymmetric FeOs coordination environment in LiFeBO3. Data was
collected and analyzed in collaboration with Dr. Kyung-wan Nam from Brookhaven National

Laboratory. Figure is reproduced with permission from Ref 1.
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The presence of octahedral Fe-O or Fe with a larger coordination number (CN) at the end
of the degradation process is also suggested by Fourier-transform (FT) magnitudes of EXAFS
spectra for these samples (Fig. 2.10b). For pristine LiFeBOs, the first strong peak around 1.5 A
corresponds to the first Fe-O coordination shell while the second weaker peak around 2.7 A
corresponds to the five Fe-B interatomic distances and the two Fe-Fe distances found in the
previously reported LiFeBO3 crystal structure. These assignments agree with the literature values
of the bond lengths, noting that the FT was not phase-corrected so that the actual bond lengths
are typically underestimated by 0.2~0.4 A. The intensity of the peak at 1.5 A (Fe-O)
substantially increases after 12h, suggesting the creation of a higher coordinated iron in the
degradation process. Considering that no third Fe-containing ’Li response was observed in the ex
situ NMR measurements besides the +218 and -233 ppm resonances, this higher coordinated
(presumably 6-coordinate) Fe compound should be free of Li, and some candidate phases are
Fes04, Fe,03, or FeBOs3. The increase in the Fe-Fe interatomic distance on degradation is

ascribed to the increased repulsion between the cations as their oxidation state increases.

TEM-EELS studies allow the distribution of phases within a single particle to be
determined in a manner that is not possible using the bulk structural probes previously discussed,
providing deeper insights into the mechanism of the degradation process. TEM experiments were
performed on the same class of 200 nm LiFeBO3/C particles, and the data shown in Figure 2.12
is for a particle after heating in air for 70 hours, corresponding to the second stage of degradation
according to the XAS results. Spectra acquired along a line from the exterior to the center of an
approximately 150 nm diameter single particle were used to probe variations in the overall
chemical composition and in the specific Fe valence state. The integrated intensity of the O K-

edge and Fe L3 peak (Fig. 2.12b) peaks show a rapid increase in intensity that is attributed to the
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spherical shape of the particle and the increased path length that the beam travels through the
sample. Phase changes were followed through the ratio of the edge peak intensities Ige/lo. In the
outer 30 nm of the particle this ratio is nearly constant at about 0.9 #0.1. Further in the particle
(30-42 nm), the ratio decreases slightly to 0.8 0.1, suggesting the presence of a phase that is

different from the phase in the near-surface region.
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Figure 2.12. Degradation of individual particles by STEM-EELS: (a) ADF-STEM survey image.
Scanning was performed along the green line marked in this figure, from the edge towards the

center of a particle; (b) integrated intensity for the Fe L3 and O K edges; the ratio of the two
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intensities is shown as green diamonds; (c) EELS spectra for O K and Fe L3 edges recorded at
different sites along the green line in (a). Data was collected and analyzed in collaboration with
Dr. Feng Wang from Brookhaven National Laboratory. Figure is reproduced with permission

from Ref 1.

The fine structure of the O K edge and Fe L3 edge suggest the presence of three regions (I
- H1). In a manner similar to the XAS Fe K-edge, the Fe L3 peak (arising from 2p-3d transition)
is sensitive to the coordination environment and oxidation state of Fe. Region I, (the outer 2-3
nm of the nanocrystal) gives rise to the splitting of the Fe L3 peak, with a main peak at 708.7 eV,
and a shoulder at 707.1 eV, features that are characteristic of Fe at a higher valence state, i.e.
Fe**. It is challenging to resolve the phase in this 2-3 nm thin surface layer by routine
crystallography tools. However, the high energy of the Fe L3 edge and the noticeable pre-peak in
the O K edge data (Fig. 2.12c) suggest the likely formation of Fe,O3 or a structurally similar
phase, although the presence of an Fe-rich borate cannot be excluded. The small fraction of
Region | makes this phase invisible to the bulk sensitive techniques that have been applied to
study the degradation process (XRD, NMR and XAS). It should be also stated that we did not
observe this thin layer in the pristine 200 nm LiFeBO3/C sample, suggesting that this layer is a

degradation product.

The phase present in Region 11 (3-30 nm from surface) is almost certainly the degradation
product with a structure closely related to that of LiFeBO3 that was observed in the XRD studies,
and which gives rise to a ‘Li NMR resonance at +218 ppm. In this region, the characteristic Fe

EELS features are a main peak located at 707.2 eV and a shoulder at 708.7 eV. Some differences
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between spectra near the | / Il interface (spectrum 2, green; spectrum 3, blue) come from the
differential contribution of the surface Region | to the spectrum of a region of the particle
dominated by Region II, which may be easily understood by considering the illustration of the
electron beam configuration (inset of Fig. 2.12a). As indicated by the EELS spectra, the Fe
oxidation state in this region is between Fe** and Fe?*, which is almost certainly accompanied by
a loss of Li based on our NMR data. Region Il extends inwards from a depth of 30 nm to the
center of the particle, and corresponds to the pristine LiFeBO3 that has been preserved against
degradation. The strong EELS peak shifts to a lower energy of 706.4 eV, indicating a lower
valence state of Fe, most likely Fe?*: however, this peak is broadened due to the contributions
from Regions | and Il that the electron beam must transverse before entering Region Ill. The
intact LiFeBO3 present in the core of this 150 nm particle suggests that degradation is a self-
limiting process, a conclusion that is supported by the negligible changes in the bulk x-ray
patterns of micron-size LiFeBOg after heating in air at 100 <C for 3 days (Fig. 2.13). The self-
limiting degradation process can potentially correlate to the diffusion of Li, which is an essential
step during the degradation process. Where the starting particles are small (< ~60 nm), complete
degradation of the particles was observed where LiFeBOg3 core is absent (Fig. 2.14). The

formation of an iron rich coating on the surface may also slow down the degradation process.
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Figure 2.13. XRD patterns of pristine micron-size LiFeBO3 and the sample after 3-day heat

treatment at 100 °C in air. Figure is reproduced with permission from ref 1.
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Figure 2.14. STEM-EELS studies of 200 nm LiFeBO3/C after 70 hours heat treatment in air: (a)

DF-STEM image shows the scanning along the green line, from the edge towards the center of a
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particle (~50 nm); (b) O K edge and (c) Fe Lz edge recorded at different sites along the green line
in (a). The big prepeak in the O K-edge and high energy position of Fe L3 (~ 708 eV) peak
indicates a higher oxidation state of Fe, as a result of the degradation. Figure is reproduced with

permission from Ref 1.

The O K edge data support the assignment of these regions, though the interpretation of
this data will not be discussed in depth due to its similarity with the Fe Lz edge results. Notably,
the fine structure in Region 111 closely resembles data collected from a pristine LiFeBO3 sample
that has not been exposed to degradation-causing conditions. The small changes in the O K edge
pre-peak and main peak (whose positions are marked by the black dashed lines in Fig. 2.12) also

suggest that Region Il represents the degraded phase.

A schematic representation of three shells of phases created by the degradation of
predominantly 200 nm LiFeBO; primary particles is given in Figure 2.15. The innermost core
(1) is intact LiFeBOg3, which is protected by the self-limiting nature of the degradation reaction.
Surrounding this core is a ~30 nm shell of a new degraded phase (Il) which has a composition
that is probably near LipsFeBO3; and which has a structure related to that of LiFeBO3. The
degradation of LiFeBOj3 appears to occur in a homogenous and epitaxial fashion that does not
lead to particle cracking. Finally, there is a 2-3 nm thick surface layer (I) of a more highly
oxidized iron oxide, hydroxide or iron-rich borate. When the degradation occurs, Li must react
with appropriate counterions (such as hydroxide or oxide ions extracted from moisture or
carbonate ions extracted from atmospheric CO,) to form the diamagnetic phases that were seen

by NMR. These presumably surround the LiFeBOj3 particles, not as a surface film, but possibly
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as the smaller particles shown in Figure 2.15.

Diamagnetic Li
o

Moisture Attack

Extraction of Lithium

Figure 2.15. Schematic representation of the degradation mechanism of the nano-size

LiFeBO3/C composite. Figure is reproduced with permission from Ref 1.

2.3.4 Electrochemistry

The insights obtained from the studies into the LiFeBOjz degradation process and
mechanism were used to design an optimized procedure for preparing LiFeBOj3 electrodes. In all
cases, electrode preparation was carried out under conditions shown to minimize LiFeBOj
degradation through monitoring of the diamagnetic Li peak in the ‘Li NMR experiments. The
total air exposure time was limited to < 10 min, and moisture from carbon, PVDF and NMP were
removed before use. The best performance was obtained from LiFeBO3; synthesized with ~20

wit% carbon (~100 nm particle size) rather than the ~200 nm particles that resulted from the use
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of 10 wt% carbon or the ceramic micron-size LiFeBO; (Fig. 2.16). This suggests that the
conductivity limitations (ionic and/or electronic) severely hinder the performance of this
material. Electrochemical characterization therefore focused on electrodes prepared from this

~100 nm LiFeBO3/C composite (20 wt% carbon).

Micron-size LiFeBO, |
—— 200 nm LiFeBO,/C
— 100 nm LiFeBO,/C
C/50
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Figure 2.16. Comparison of the 1st cycle performance of micron-size LiFeBOs;, 200 nm

LiFeBO3/C and 100 nm LiFeBO3/C. Figure is reproduced with permission from Ref 1.

The electrochemical cycling performance of ~100 nm LiFeBO3/C (20 wt% carbon)
between 4.7 V and 1.3 V (vs. Li*/Li) is shown in Figure 2.17. The first charge gives a capacity of
~140 mAh/g at C/50. A substantially larger capacity was observed for the second charge (~190

mANh/g), in a manner similar to that observed by the Yamada group. The extra gain in capacity in
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the second charge originates from the capacity delivered below 2.8 V, which is the initial open
circuit voltage (OCV) of the battery. This suggests that pre-oxidation of LiFeBO3; has occurred
prior to the first charge resulting in leveling of the OCV to the potential that moisture provides,
even with precautions taken to prevent this. Access to the redox process below 2.8 V, which do
not survive ambient conditions become possible after the electrode is discharged with the
hermetically sealed battery cell, and this cycling remains reversible in subsequent cycles. It
appears possible that Li loss from the degradation process of LiFeBOj3 can be readily reversed

using a discharge cycle.
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Figure 2.17. Charge and discharge curves of 100 nm LiFeBO3/C composite (20 wt% carbon) at

C/50. Figure is reproduced with permission from Ref 1.

It can be seen that LiFeBOj3 continues to reversibly store charge even when cycled to the
low potential of 1.3 V. This is far below the ~3.0 V potential of the nominal average operating
voltage of Fe(lll)/Fe(ll) redox couple in LixFeBOs, and may represent the observation of Fe

conversion chemistry (reduction to metallic Fe) rather than intercalation chemistry. It is also

62



possible that this process involves the lithiation of disordered or amorphous phase formed either
via the initial degradation or on charge. Surprisingly, this electrochemistry process is reversible,
making a future investigation of this process worthwhile. Approximately ~160 mAh/g (based on
the second charge) can be assigned to reversible intercalation processes of this composite
electrode, this process having a high degree of polarization (~0.5 to 1 V) even for these small
nano-particles. This high polarization is almost certainly related to the low electronic (and
possibly ionic) conductivity of the composite electrode. However, it is not known whether this
reflects the intrinsic Li conduction properties of LiFeBO3z or instead originates from low
electronic and/or Li ion conductivity of the difficult-to-eliminate degraded phase that may form a
shell around each LiFeBOj3 core. A third possibility is that the diamagnetic Li-containing phase

generated during the degradation can sharply decrease the electronic conductivity of the system.

Further understanding of the electrochemical processes in LiFeBO3 can be obtained using
galvanostatic intermittent titration technique (GITT) studies, which can provide information
about the equilibrium thermodynamic voltages that are obscured when polarization (and
therefore a kinetic limitation) exists. This is one of the most straightforward ways to identify
whether (de)lithiation occurs through a solid solution or a two-phase reaction mechanism. The
(de)lithiation of LiFeBO3 were previously reported to occur through a solid solution pathway
based on the evolution of lattice parameters in diffraction studies, implying the presence of a
continuum of phases with formula LiFeBOs. However, our GITT data (Fig. 2.18) do not
support that conclusion and suggest that at least some of the delithiation occurs via a two-phase
reaction. Starting at the OCV of 2.8 V for the as-prepared LiFeBOg3 electrode materials, charging
gives a plateau at the beginning which is followed by a sloping region. This indicates that

delithiation of LiFeBOj first proceeds through a two-phase pathway (where the two phases
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present are the monoclinic LiFeBO3s, m-LiFeBO3; and a second uncharacterized phase which
appears to be partially delithiated LiFeBO3, referred to as pdl-LiFeBOs3) and possibly afterwards
a solid solution pathway (where monoclinic LiFeBOs3 is absent and the pdl-LiFeBOs3 loses its Li
in a continuous manner form a presumed "FeBO;" end product). However, it should be noticed
that the large polarization observed when charging up to 4 V posed significant difficulty in fully
relaxing the electrode to the equilibrium thermodynamic potentials of the system, which
complicates our analysis of the delithiation behavior of LiFeBOj3 at high voltages. It is therefore
possible that the two-phase region can extend to near the end of charging. Upon discharging, the
lithiation reaction proceeds in a reversed manner as when charging. The lithiation begins with a
sloping region, which is then followed by a plateau region at about 2.8 V, which should
correspond to continuous Li insertion into the "FeBO3" end member producing the pdI-LiFeBO3
phase, and the two-phase reaction between pdl-LiFeBO3; and m-LiFeBOs, respectively. Notably,
there appears to be a different electrochemical process with an equilibrium thermodynamic
potential of below 1.8 V, which may be related to the Fe conversion chemistry or a reaction with
a degraded or an amorphous phase. A detailed discussion regarding this low voltage process can

be found in the next chapter.
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Figure 2.18. Galvanostatic intermittent titration curve of LiFeBOs upon first charging and
discharging. The battery is charged at a rate of C/50, and allowed to relax after each 3-hour

current pulse for time intervals of 15-50 hours. Figure is reproduced with permission from Ref 1.

2.4 Conclusions

Highly pure LiFeBO3; samples with different particle sizes were synthesized via solid-
state synthesis under an actively reducing atmosphere (5% H,/ 95% N,). The use of citric acid as
a carbon source played an important role in limiting the particle size of the reaction products and
enhancing the reversible capacity. Strict air and moisture avoidance was also critical to obtain a
large reversible capacity. Accurate assessment of the capacity of LiFeBO3; was complicated by
the observation of three different electrochemical regimes. The lowest potentials of (1.3 - 1.5 V)
appeared to access reversible conversion chemistry reactions or reactions with a second possibly

disordered borate phase that occurs at a thermodynamic potential of about 1.8 V. Intermediate
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(1.5 V- 3.4 V) were required to remove the first 0.5 Li from LiFeBOgs in a two-phase reaction
occurring at a thermodynamic potential of 2.8 V, but with a moderate polarization (~0.2 — 0.5
V). The last 0.5 Li were removed from intermediate LigsFeBO3 phase through what appears to
be a solid solution mechanism at a thermodynamic potential of above 2.8 V, with a very large
polarization (~0.5 to more than 1.5 V) indicative of poor Li/electronic transport within this

phase.

A degradation model of LiFeBO3; can be constructed to explain the experimentally
observed structural and chemical changes that result from moisture exposure and heating in air.
The degradation of nanoscale LiFeBOs is initiated on the surface of the particles and moves
inward along a spherical front. Moisture/air attack drives the surface oxidation of Fe(ll) in a
process which maintains charge balance through Li loss, but which cannot occur in the absence
of suitable counterions (such as OH", 0% or COs). The Li must be transported to the surface in a
diffusional process for degradation to occur. Present and prior electrochemical tests on LiFeBO3
suggest that Li ions can diffuse ~100 nm within LiFeBOj3 on the relevant timescale (~1 day) at

room temperature; substantially larger mobilities are expected at 100 <C.

In situ XRD experiments demonstrate that the degradation reaction causes an immediate
structural conversion to a new phase, which appears to be similar to the two-phase reaction that
occurs on delithiation. Based on the limited depth of degradation, it appears that this new
degradation product has much lower Li mobility and electronic transport than LiFeBO3. This is
also consistent with the present and previously observed resistance of the degradation product to
electrochemical delithiation that can severely limit the experimentally accessible charge capacity
of LiFeBOs. It is not as-yet known if the degraded phase is identical to the intermediate phase

that occurs during LiFeBOj3 delithiation (detailed discussion in the next chapter). Although the
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large theoretical capacity of LiFeBOs (220 mAh/g) makes this material desirable for
electrochemical storage applications, the observed thermodynamic voltages of Li

(de)intercalation (2.8-3.0 V) limit the specific energy density and stability of this compound.

In summary, fundamental insights into the factors that limit the electrochemical
performance of LiFeBO3; were obtained via the use of a wide range of complementary structural
probes. With the in-depth understanding of the degradation and capacity loss of LiFeBO3 upon
air exposure, it is anticipated that improved electrochemical performance can be achieved in the

near future.
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Chapter 3

Structures of degraded and delithaited LiFeBOg3, and their distinct structural changes upon

electrochemical cycling *

3.1 Introduction

Two competing oxidative processes occurring in LiFeBO; (i.e., the degradation and
delithiation processes) were systematically investigated in the previous chapter, allowing the
signatures of these two reactions to be identified through diffraction, NMR and XAS techniques.
These signatures were used in this chapter to carry out a detailed mechanistic study on these two
redox processes in LiFeBOs. Detailed mechanistic knowledge is needed if the rate and voltage

4,5

limitations of this compound 2* and its substituted variants are to be understood and

overcome.

Good room-temperature cycling behavior for LiFeBOs; was only achieved after the
existence of a degradation process was identified and steps were taken to minimize air exposure
of LiFeBOs ?, leading to greatly improved electrochemical performance relative to prior studies °
. Studies in the previous chapter determined that degradation results in the formation of a distinct
phase with an as-yet unknown crystal structure that is expected to be closely related to that of the
pristine LiFeBO; phase 7, and which still contains Li based on ’Li solid state NMR data. In both

cases, it was found that degradation occurs very quickly when nano-LiFeBOj3 is exposed to air,

and that this process occurs faster under modest heating (100 — 200 <C).
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On delithiation, it has been clearly established that there is a ~2% reduction in the unit
cell volume of LiFeBOs. Published diffraction data has thus far lacked the resolution and
intensity needed to effectively distinguish between the delithiated and degraded phases, which
are similar in cell dimensions and volume. Single crystal diffraction experiments have recently
demonstrated the existence of supercell in pristine LiFeBO3 leading to a doubled a-axis and a
four-dimensional space group of C2/c(a0y)00 with o = % and B = 0 2 relative to the originally
reported crystal structure®. However, the subcell space group (C2/c) and lattice (a = 10.336 A; b
=8.869 A; ¢ =10.166 A; B = 91.5149 are generally the most appropriate to use when modeling
powder diffraction data since the strongest supercell reflection is about 3000 times weaker than
the strongest subcell reflection, as judged from the X-ray diffraction structure factors.
Unfortunately, this very small volume change makes it difficult to infer mechanistic insights (i.e.,
solid-solution vs. two-phase) from the diffraction data published to date, which has been obtained

on laboratory X-ray diffractometers.

The delithiation of the LiFeBO3; was first reported to occur through a solid-solution
mechanism with a continuum of phases Li;xFeBO3 2. The solid solution mechanism was also
suggested by density functional theory (DFT) calculations, based on the evaluation of the relative
stabilities of Liy.AFeBO;3 phases . In a subsequent DFT study, the volume change between
LiFeBO3; and "FeBO3" was predicted to be 1.4%, in reasonable agreement with experimental
results °. It should be noted though that both DFT calculations were carried out using the
originally published structure of LiFeBO;3 in the space group of C2/c (#15) rather than the
commensurately modulated structure. The modulation in LiFeBOj results in a long-range
ordering of the one-dimensional (1D) LiO, tetrahedral chains that cannot be described in the

originally proposed unmodulated C2/c structure. This modulation modifies the configuration of
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the LiO, tetrahedra chains and thus alters the energy landscape of the Li;xFeBO3 phases, though
it is expected that the modulation will be absent in delithiated and degraded LiFeBOs3, both of

which are formed through the loss of Li.

In contrast, as discussed in the previous chapter, our studies suggested that the initial
delithaition of LiFeBO3 proceeds via a two-phase reaction based on galvanostatic intermittent
titration technique (GITT) measurements with longer relaxation times ’. It was not established
whether this two-phase reaction persists across the full range of Li content with end members
LiFeBO3; and "FeBO3", or whether intermediate compositions are formed. This remains an open
question, due in part to the difficulty in fully relaxing the system to its equilibrium

thermodynamic potentials at high states of charge.

A second unresolved question is the origin of the commonly observed low-voltage
process (< 2 V) during cycling of LiFeBO3 that is manifested as a discrete plateau at ~1.8 V in
GITT data ® 7, but whose existence is also discernible in the curvature of other charge-discharge
curves at low voltages. A typical LiFeBO3 charge and discharge curve is shown in Fig. 3.1.
Starting with an open circuit potential of 2.8 V, charging the sample to 4.5 V results in a specific
capacity of only 105 mAh/g, less than the expected full capacity of 176 mAh/g of this sample (80
wit% LiFeBO3, 10 wt% Fe3BOs and 10 wt% C). This charge capacity therefore corresponds to a
removal of 0.6 Li per formula. The Li intercalation is clearly reversible, but surprisingly, an extra
0.2 Li can be accommodated in this system at voltages lower than 2 V. This process occurs at a
potential of approximately 1 V lower than the Fe**/Fe** redox couple in LiFeBO3 (~2.8 V). It can
in principle arise from either Fe conversion chemistry (the reduction of Fe?* to Fe metal), a
reaction with the degraded phase (designated D-LigFeBOs3), or a reaction with an amorphous

phase that is formed at low voltage. It is important to identify the origin of this low-voltage
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process, which appears to be an integral part of the electrochemical activity of many LiFeBO3

electrode preparations.
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Figure 3.1. Electrochemistry of LiFeBOj3 at a rate of C/30 between 4.5V and 1.5 V. The number
of Li extracted (or inserted) per formula was calculated based on a full capacity of 176 mAh/g.
The approximate valence of Fe was estimated based on the assumption that iron was divalent
after discharge, in accord with XANES results. See Ref 7 for experimental details. Figure is

reproduced with permission from Ref 1.
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In order to resolve the complex evolution of structural and valence changes associated
with LiFeBO;3; redox processes, we have used a wide range of complementary structural probes
both in situ and ex situ that go beyond the normal repertoire of laboratory techniques. The in situ
techniques included high-resolution synchrotron diffraction and synchrotron X-ray absorption
fine structure measurements (XAFS). Also, solid state nuclear magnetic resonance (NMR) was
employed to probe the local environments of both Li and B ions during electrochemical cycling
since structurally similar phases that are difficult to distinguish in diffraction can still give very
different NMR signals if their electronic structures vary *°. Neutron Bragg scattering and pair
distribution function (PDF) analysis of total scattering data were used to probe differences in the
structures of pristine and degraded LiFeBO3 (D-LigFeBO3). Finally, site occupancies of Fe and Li
in the degraded phase were directly probed by high-resolution transmission electron microscopy
(HRTEM) imaging at single-particle level. Based on the analysis of results from these (and
additional) complementary techniques, a model for the structural and valence changes in
LiFeBO3 during the distinct oxidative processes of delithiation and degradation is proposed.
Furthermore, we demonstrate that degraded LiFeBOj3 is structurally distinct from the pristine
LiFeBO3; phase. The degraded phase is electrochemically active and is responsible for the
reversible 1.8 V redox process which first occurs during sample discharge (lithiation), since the

as-formed degraded phase cannot be further delithiated.

3.2 Experimental

LiFeBO3/C composite: LiFeBO3/C composite was prepared through the solid-state

reaction of precursors under an actively reducing atmosphere of forming gas (5% H2/95% Ny). In
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a typical synthesis, 3 g powder precursors of Li,CO3z (Mallinckrodt, 99.0% min), FeC,042H,0
(Alfa Aesar, 99%), and H3BO3; (Alfa Aesar, 99.5% min) were mixed in a stoichiometric ratio.
Citric acid (Alfa Aesar, 99.5+%) was also added as the carbon source with a carbon content of no
more than 20 wt%, where the 20 wt% assumption is based on carbon being produced from citric
acid with 100% vyield. The powder mixture was ball milled for 30 minutes in a SPEX
SamplePrep8000 Mixer/Mill high energy ball mill by the use of a stainless steel jar. The resulting
powder was then heated in a graphite crucible that was sealed in a tube furnace. After a dwell at
350 <C for 10 hours, the temperature was ramped up to 650 <C under a heating rate of 100 T h?,
and kept at 650 <C for 20 hours. Reaction products were removed from the furnace and
immediately transferred to an argon glove box. The LiFeBO3/C nanocomposite typically
contains ~10 wt% Fe3BOs as a major impurity based on X-ray diffraction (XRD) and ~10 wt% C
according to thermogravimetric analysis (TGA) results. A broad particle size distribution from a
few nanometers to more than 100 nm was observed by scanning electron microscopy (SEM). A
thin surface layer of about 2-3 nm of amorphous carbon coating was observed by transmission

electron microscopy (TEM) ’.

Isotopic 'LiFe™BOs/C composite and degraded isotopic 'LiFe™BOs: ‘Li**BO, was first
synthesized by heating a ~2 g powder mixture of 'Li,CO3 (Sigma-Aldrich, 99 atom % ’Li) and
B,0; (ISOTEC, 99 atom % 'B) at 750 <C in an alumina crucible for about 2 hours with
intermediate grinding. The isotopic ’LiFe**BO3s/C composite was then synthesized in the same
way as in the synthesis of non-isotopic LiFeBOs/C composite. Degraded ’LiFe*'BO; was
prepared by heating ~1 g powder of the as-prepared ’LiFe**BO3s/C composite at 100 <C or 200

<T in air for 2-5 days.
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Electrochemistry: Electrochemical testing was done in a 2032-type coin cell using an
Arbin battery cycler. The electrolyte was 1 M LiPFg in a 1:1 volumetric mixture of anhydrous
ethylene carbonate (EC) and anhydrous dimethyl carbonate (DMC). For the LiFeBO; cathode
preparation, super P, polyvinylidene difluoride (PVDF) and 1-methyl-2-pyrrolidone (NMP,
Sigma-Aldrich, 99.5%) were dried before use. First, 70 wt% active material, 20 wt% super P and
10 wt% PVDF were mixed and ground thoroughly with NMP in an argon glove box. This slurry
was cast onto an Al foil and dried in a vacuum oven at 60 <C overnight. Circular disks with a
diameter ~14 mm were punched with a loading of ca. 5-10 mg of electrode materials. The
current density was converted into a C rate based on the LiFeBO3 theoretical capacity of 220

mAh/g.

In situ Fe K-edge X-ray absorption spectroscopy (XAS): The Fe K-edge XAS was carried
out in transmission mode at beamlines X18A and X18B at the Brookhaven National Laboratory’s
(BNL) National Synchrotron Light Source (NSLS) wusing a Si(111) double-crystal
monochromator. The beam intensity was reduced by 30% to minimize high order harmonics. The
XAS spectra were continuously collected while the in situ cell was charged and discharged in a
voltage window of 1.5 — 4.5 V using a current density corresponding to C/30 rate. Reference
spectra from a Fe metal foil were simultaneously collected for energy calibration. The X-ray
absorption near edge spectra (XANES) data were processed using the Athena programs **. The
extracted extended X-ray absorption fine structure (EXAFS) signal, y(k), was weighted by k? to
emphasize the high-energy oscillations and then Fourier-transformed in a k range from 3.0 — 13.0
A using a Hanning window function to obtain magnitude plots in R-space (A). The filtered

Fourier transforms of EXAFS spectra in a R-range of 1.1 — 3.1 A were fitted using theoretical
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single scattering paths generated with the FEFF 6.0 ab initio simulation code, using the subcell

structure of LiFeBO; (C2/c) °.

In situ high-resolution X-ray diffraction: Electrode pellets of the LiFeBO3/C were
prepared by mixing the active material with carbon black (Vulcan XC-72, Cabot Corporation),
graphite SFG-6 (Alfa-Aesar) and PTFE binder (Sigma-Aldrich) in the mass ratio 6:1:1:2 and
then pressing pellets (10 mm diameter, 120-150 pm thick) at an applied pressure of 1.6 — 1.8 ton.
Pellets were assembled into the “AMPIX” electrochemical cell designed for in situ
measurements*. Cells were cycled galvanostatically against lithium at a constant current of 7.3
mA/g (C/30), in the potential range of 4.5 V — 1.5 V. High-resolution X-ray diffraction data were
collected in transmission geometry at beamline 11-BM (A = 0.4134 A) of the Advanced Photon
Source, at Argonne National Laboratory. Calibration of the instrument for wavelength, detector
offsets, and instrument profile shapes was performed with a NIST SRM 660a (LaBg). Data were
collected using a multi-analyzer detection assembly, consisting of 12 independent Si (111) crystal
analyzers and LaCls scintillation detectors, scanned between -2 and 12.0°at 0.12 s/step with

0.002°steps (14 min scan time). Data sets with Quax ~ 9 A were collected at 1 h intervals.

Neutron Bragg diffraction and pair distribution function: Time-of-flight (TOF) neutron
Bragg diffraction data was collected at the POWGEN beamline of Spallation Neutron Source
(SNS) at Oak Ridge National Laboratory (ORNL). Typically, ~1.5 g of powder was packed into a
6 mm V can. Data was collected at a temperature of 300 K, with a proton pulse rate of 60 Hz.
The data spans a d space of 0.41-3.61 A, and was normalized against proton charge. A typical
data collection time of 3-6 hours was used. Neutron total scattering measurements were
performed at the NOMAD beamline of the SNS at ORNL"®, Typically, ~100 mg of powder was

packed into a 6 mm V can. One-hour scans were typically collected with a Qpax 0f ~50 A™. The
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pair distribution function (PDF) data were reduced and processed using scripts to normalize the
data against a V spectrum from a 6 mm diameter V rod corrected for absorption, diffraction and

multiple scattering.

NMR: In the ‘Li magic angle spinning (MAS) NMR experiments, a 1.3 mm HX probe
(Ago Samoson) was employed on a Tecmag 200 MHz spectrometer with a 4.7 T magnetic field.
A rotor-synchronized spin echo sequence (m/2-t-n-t-acquisition) was utilized, with a spinning
speed of 50 kHz. The Larmor frequency of 'Li is 77.71 MHz. A pulse width of 2 ps (7/2) was

used. The recycle delay was 100 ms. 1 M LiCl was used as an external chemical shift reference

(0 ppm).

The NMR spectra of paramagnetic materials are often broad and analysis is made more
complicated by overlapping spinning sidebands manifold even under fast magic angle spinning
(MAS). A recently developed pulse sequence, projection-magic angle turning phase adjusted
spinning sidebands (pj-MATPASS) was therefore employed to better resolve contributions from
different phases **. For the pj-MATPASS experiments, the same probe was employed on a wide-
bore Oxford 500 MHz (11.7 T) Varian Infinity Plus spectrometer and a 50 kHz spinning speed
was used. The pj-MATPASS pulse sequence was adopted from ref. ** and the starting t, was set
to be 2/3 of a rotor period to minimize pulse ring-down effects before detection. The w/2

projection pulse was 1 s, allowing a broad excitation of the spectra.

HRTEM: High-resolution TEM images were recorded from individual particles of the
degraded phase, at 200 kV using a JEOL2100F microscope equipped with a Schottky field-

emitter and a high-resolution pole-piece with a 0.23 nm point-to-point spatial resolution. To
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assist interpretation of the HRTEM images, image simulations were carried out using our own

simulation codes based on the multislice method °.

3.3 Results and discussion
3.3.1 Phase progression during LiFeBO3 cycling

A broad overview of the changes that occur in bulk LiFeBO3 during cycling was obtained
through in situ X-ray absorption fine structure measurements at the Fe K-edge. EXAFS
measurements are most sensitive to local structure changes, while XANES measurements mostly
probe Fe valence. As can be clearly seen in the data and fits to EXAFS spectra collected for the
pristine, fully charged and fully discharged samples, the local environment of Fe is minimally

changed during electrochemical cycling of LiFeBOj3 (Fig. 3.2).
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Figure 3.2. (a) Fourier-transformed EXAFS x(k) magnitude spectra with k* weighting for
pristine and cycled LiFeBOs3, fully charged to 4.5V (“CH4.5V”), and fully changed and then
fully discharged to 1.5V (“DIS1.5V”). (b) Real part of the Fourier-transformed data for the same
three scans along with the best fit (orange line). Broken lines indicate the range of the fit in real
space (1.1 — 3.1 A). Data was collected and analyzed in collaboration with Dr. Kyung-Wan Nam

from Brookhaven National Laboratory. Figure is reproduced with permission from Ref 1.
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The magnitude of the Fourier-transformed (FT) EXAFS spectra for all three samples
exhibit one strong peak at ~1.5 A which corresponds to the five Fe-O bonds in the FeOs trigonal
bipyramids and another weaker and broader peak at ~2.7 A which includes both Fe-Fe and Fe-B
contributions (Fig. 3.2a). Since the FT was not phase-corrected, the actual bond lengths are
expected to be substantially longer (0.3 - 0.5 A) than these values. Beyond these two FT peaks,
no constructive contribution is observed above the noise level. There is no evidence for the
formation of metallic Fe since the characteristic Fe-Fe correlations at 2.2 A (not phase corrected)
are not observed in the FT EXAFS spectrum of the fully discharged sample, thus refuting one
hypothesis that Fe conversion chemistry (i.e., reduction of Fe?* to Fe metal) may be responsible
for the low voltage process observed during the electrochemical cycling of LiFeBO3; (1.5 — 4.5

V).

Insights into the changes in the Fe-O coordination environment that occur during
electrochemical cycling were obtained through least-square fitting of the real-part of the EXAFS
spectra (Fig. 3.2b). The average Fe-O bond length for the pristine electrode is 2.04 A. On
charging to 4.5 V, this is reduced to 2.01 A. The subsequent discharge increases the average Fe-
O bond length to 2.06 A. The average Fe-O distance in the fully discharged state appears to be
even larger than in the as-prepared electrode (2.06 A vs. 2.04 A), indicating that the Fe valence

has been reduced below its starting value after the discharge to 1.5 V.

The reduction in Fe valence after lithiation (discharge) can be directly resolved by
following the shifts in the absorption edge in the XANES portion of the same in situ Fe K-edge
X-ray absorption data. The progression of phases during the discharge process is presented in
Fig. 3.3. At the end of charge (4.5 V), the edge position (B) shifts to higher energy, in

comparison to the pristine spectrum, indicating an increase in average Fe oxidation state
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approaching 3+ after the charge process. However, based on comparisons with the edge position
of reference spectra for Fe''Cl, and LiFe"'O,, Fe is not fully oxidized to Fe** after charging to 4.5
V, consistent with the incomplete Li extraction shown by the specific capacity (Fig. 3.1). During
discharge, the edge position (B) shifts back to lower energy indicating a decrease of the average
Fe oxidation state of LiFeBOs. Interestingly, when discharged below 2.5 V (the XANES
spectrum of discharged to 2.5 V overlaps with that of the pristine sample), the edge position
shifts to energies that are even lower than the position of pristine LiFeBOs;. At the end of
discharge, the edge position is almost identical to that of the reference Fe''Cl, compound
suggesting that the electrode contains essentially just Fe?*. This shows that the extra capacity
obtained below 2.5 V during the first discharge is due to the reduction of higher valence iron

species that existed in the original as-prepared electrode.
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Figure 3.3. In situ XANES spectra of LiFeBO3 during the discharge. The spectra of pristine

LiFeBO; and the reference compounds (Fe''Cl, and LiFe"'O,) are shown for comparison. Data
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was collected and analyzed in collaboration with Dr. Kyung-Wan Nam from Brookhaven

National Laboratory. Figure is reproduced with permission from Ref 1.

At first glance, there appeared to be several crossing points (circled in Fig. 3.4) in the
XANES spectra during the first cycle, though a closer look reveals that these crossing points
between successive scans shift in spectra that were collected near the end of charge and
discharge, as highlighted in Fig. 3.5. This suggests that two primary types of Fe local
environments are present during the cycling process, one associated with Fe?* and the other
associated with Fe**. The presence of crossing points at the early stages of charge might be
taken to indicate that lithium extraction proceeds only via a two-phase reaction between
LiFeBO3 and FeBOs, but our prior GITT data and current ‘Li NMR experiments (discussed
below) strongly suggest that this is not the case. Difficulties in distinguishing between
intermediate phases with very similar local environments have been seen in previous XAS
studies ', a situation which is very applicable to the delithiated phases of LiFeBOj3 given the
observed similarities in both the local Fe environment seen in the EXAFS spectra discussed
previously and in the very small changes in the unit cell lattice parameters determined from in

situ XRD measurements (discussed later).
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Figure 3.4. (a) Charge and discharge curves and (b) corresponding in situ Fe-K edge XANES
spectra. The cell was cycled at C/30 (based on theoretical capacity of 220 mAh/g), and in situ
spectrum numbers are marked on the curves in (a). Data was collected and analyzed in
collaboration with Dr. Kyung-Wan Nam from Brookhaven National Laboratory. Figure is

reproduced with permission from Ref 1.
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Figure 3.5. Enlarged region of the crossing point at ~7131.5 eV in the in situ XANES spectra
during discharge. It was found that spectra (highlighted in bold lines) corresponding to both the
highest voltages ~ 4.5 V (S108 and S114) and the lowest voltage ~ 1.5 V (S42) were slightly
offset from the crossing point, though the latter cannot definitively be assigned as an inherent
difference due to a gap in the time of the data collection of S42. Data was collected and analyzed
in collaboration with Dr. Kyung-Wan Nam from Brookhaven National Laboratory. Figure is

reproduced with permission from Ref 1.

The local environment of Li can be directly probed by the complementary technique of
Li NMR since the "Li signal is influenced by both the coordination geometry and valence of
nearby Fe ions, and as such is able to very sensitively resolve the succession of phases that occur
when LiFeBOs is cycled. The NMR responses from multiple phases (LiFeBO3, Li;xFeBOs3, and
D-LigFeBOs3) involved in the electrochemical processes are distinct, and their resonances and

stoichiometry assignments will be discussed in the following two paragraphs.
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"Li MAS NMR spectra of LiFeBO5; samples prepared by cycling equivalent batteries to
different states of charge and discharge are shown in Fig. 3.6. At the initial open circuit voltage
(OCV), the sample is characterized by three "Li resonances, a LiFeBOj3 resonance at -233 ppm
(yellow line) and two other resonances for secondary phases resulting from the degradation of
LiFeBO3: at +218 ppm (red line), the oxidized and degraded phase D-LigFeBOs3, and at 0 ppm, a
Li-containing diamagnetic phase which contains the Li lost from the LiFeBOg3 lattice during
degradation. These assignments were made in our previous study by studying samples with
different overall contents of the degraded phase ’. All the other observed peaks are spinning
sidebands, which are caused by partially averaging the anisotropic dipolar interaction between Li
nuclei and unpaired electrons associated with Fe?* and/or Fe** via the magic angle spinning.
Note that any signals from residual electrolyte (LiPFg) and the surface electrolyte interphase
(SEI) found in the cycled samples are also diamagnetic and thus have resonances around 0 ppm.

These contributions cannot be ignored in interpreting the intensity variation of 0 ppm signal.
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Figure 3.6. 'Li MAS NMR spectra of LiFeBO5 samples at different stages of cycling. Figure is

reproduced with permission from Ref 1.

During the cycling process, another broad feature assigned to the partially delithiated
phase LiyxFeBO3 appears (during charge) and disappears (during discharge) in the frequency
regime around +218 ppm. This broad feature has a more positive hyperfine shift in comparison
to the original LiFeBO3 resonance (-233 ppm), suggesting that it is associated with Fe-containing

phase with a higher oxidation state (i.e., > 2).

During the first charge process to 4.5 V, the LiFeBO3 resonance at -233 ppm rapidly

decreases in intensity and has almost disappeared at 4.5 V when only 0.6 Li have been removed.
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There is no resolvable shift of the LiFeBO3 resonance between the OCV and 4.5V, in contrast to
the shift or distribution of resonances that might be expected if a continuum of phases, i.e., a
solid solution Li;xFeBO3 existed. Also of note is that the broad feature assigned to Li in a
partially delithiated (Li;.xFeBO3) lattice appears and grows as a shoulder to the right of the +218
ppm peak (~100 ppm) at early stages of charge (CH3V with a removal of 0.15 Li and CH3.5V
with a removal of 0.4 Li). This Li;«FeBO3 resonance grows to its maximum intensity at around
3.5V to 4V (~0.5 Li removal), where the LiFeBO;3 resonance nearly disappears. It suggests that
delithiation of LiFeBO3 starts with a two-phase reaction whose other end member is suggested to
be LifFeBO3 with t ~ 0.5 based on capacity estimates and crystal chemistry arguments
(represents the simplest periodicity that can be stabilized by charge order). The assignment of a
LiFeBO3s—LipsFeBO3 two-phase region is also consistent with our prior GITT measurements
which indicate a clear 2.8 V plateau at both the beginning of charge and at the latter stages of

discharge ’.

When the LiFeBOj3 battery is charged above 4V, the broad feature shifts to more positive
frequency (approximately +250 ppm) as signified by the appearance of a shoulder to the left of
the +218 ppm peak. This further shifted resonance is therefore assigned to a further delithiated
phase with a general solid solution formula of Li.xFeBO3; (0 < x < t). A closer look at the
spectrum of CH4.5V reveals that a small portion of LiFeBOs still remains at the end of charge,
indicating that the solid solution reaction between LiosFeBO3z and Ligs«FeBO3 starts before
LiFeBOj is fully converted to LipsFeBOs. This is consistent with the high overpotential (> 0.5V,
Fig. 3.1) needed to drive the delithiation of LiFeBO3, and the relatively small potential difference
between the electrochemical features associated with the LiFeBOgs-LipsFeBO3 two-phase

reaction and the LigsFeBOs-Ligs.xFeBO3 solid-solution reaction (~0.25 V based on prior GITT
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data from first discharge) ’. The large overpotential is likely caused by either the broad size
distribution of the pristine LiFeBO; particles where the core of bigger particles are difficult to
delithiate due to transport limitations, or the appearance of secondary phases at the particle
surface resulting from degradation or SEI formations which can impede Li* and/or e transport.
All of the NMR hyperfine shift and intensity changes associated with the structural conversions
between the pristine phase and the delithiated phases are reversed during the discharge (above 2
V), suggesting that phase progression is the same during charge and discharge, a conclusion

consistent with the observed electrochemical behavior of LiFeBOs.

A separate experiment was carried out to determine if LiFeBOj3 can be fully delithiated to
form "FeBO3". Using a cut-off voltage of 4.5 V, a LiFeBOj3 battery was first galvanostatically
charged to 4.5 V under a rate of C/30 and then held at 4.5 V until the current decayed to C/3000
about 2 days later (Fig. 3.7). When the resulting product was studied using ‘Li NMR to test if Li
was still present in an iron borate lattice, the Lips.xFeBO3resonance at ~250 ppm (left shoulder
to the +218 ppm peak of the degraded phase) could still be seen confirming that not all Li has
left the lattice. This highlights the difficulty of fully delithiating LiFeBO3 to form "FeBO3" (up to
4.5 V). Based on the specific capacity, the final composition after the extended 4.5 V hold is
estimated to be LigoFeBOs. Even after this extended high voltage hold, the degraded phase Li
resonance appears unchanged (same chemical shift, peak remains relatively sharp) suggesting
that although Li is present in the degraded phase, this Li cannot be electrochemically extracted
even under very harsh conditions (i.e, prolonged voltage hold at 4.5 V). However, it appears that
lithium can be inserted into the degraded phase by discharging to low voltages (< 2 V) since the
intensity of the ’Li NMR resonance at +218 ppm was reduced at 2 \V and essentially disappeared

at 1.5 V during the ex situ cycling experiments (Fig. 3.6).
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Figure 3.7. (a) Electrochemistry of a LiFeBO3; sample charged to 4.5 V at a rate of C/30 and
held at 4.5 V until the current decayed to C/3000 (axis of current is on a logarithmic scale). (b)

"Li MAS NMR of the product after charging. Figure is reproduced with permission from Ref 1.

Synchrotron in situ XRD was used to follow the bulk structural changes of LiFeBOs3
during cycling (charge to 4.5 V, discharge to 1.5 V, and second charge to 3.5 V) under actual
operating conditions without any of the relaxation phenomena associated with ex situ
experiments. As seen in Fig. 3.8, only very small changes in peak positions and intensities occur,
suggesting that the structural framework of LiFeBOs is retained throughout the cycling. The
diffraction data were analyzed through Rietveld refinements to extract two pieces of information:
(1) the phase fractions of pristine and delithiated LiFeBOs3, and (2) the Li-content dependent

lattice parameter variations of delithiated LiFeBO3. The structure of pristine LiFeBOg is very
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well known from single crystal X-ray diffraction experiments and was used without further
refinement of atomic parameters or cell parameters though the C2/c approximant was used rather
than the full C2/c(%200)00 superspace group. Given the minimal changes in X-ray peak
intensities during cycling and the very small scattering power of Li, B, and O, the same LiFeBO3
structural model was also utilized to describe the partially delithiated phase (i.e., Li;-x<FeBOs3) and
the lattice parameters of this phase were refined at each step during electrochemical cycling. The
fitting was further aided by (1) very effectively modeling the cell background in a parametric

manner, and (2) utilizing a robust refinement algorithm *"*8

to minimize the adverse impact of
components not formally included in the refinement (in particular, the variable composition

degraded phase).
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Figure 3.8. In situ XRD patterns of LiFeBO; during cycling (left) and the corresponding
electrochemical response (right). Data were collected every one hour with a wavelength of ~0.41

A. Figure is reproduced with permission from Ref 1.
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The phase fractions of three phases present in electrodes (LiFeBOs, LiixFeBOs; and
FesBOs) are shown in Fig. 3.9, while the graphical fits of some selected scans are presented in
Fig. 3.10. As expected, the fraction of the pristine phase decreases during the charge process (to
a minimum value of ~10%) and increases during discharge, while the trend of the delithiated
phase is inverted. Although freely refined, it can be seen that the mass fraction of the Fe3BOs
impurity remains constant (within 2%), indicating that the refinement is well behaved and that
amorphization of the electrochemically active phases is not occurring. At voltages below 2 V,
there is no change in the phase fractions of LiFeBO3; and Li;«xFeBQOs, indicating that the low
voltage electrochemical processes (<2 V) do not involve LiFeBOs3, and instead result from
electrochemically induced changes in the degraded phase D-LigFeBOs3, a conclusion confirmed

by the "Li NMR data that is described in Fig. 3.11.
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Figure 3.9. Weight percentages of LiFeBO3 (black), Li;.xFeBOj3 (red) and Fe3sBOs (blue) during
cycling in the in situ run. The electrochemistry profile is shown in magenta with the voltage axis

on the right. Figure is reproduced with permission from Ref 1.

002 Scan i 010 Scan 020 Scan
{{ " LifeBO, ! * LiFeBO, | LiFeBO,
] { Partially-delithiated LiFeBO } I |  Panially-delithiated LiFeBO, 1 Partially-delithiated LiFeBO
Fe BO,

Fe BO ‘ M ll Fe BO
¥

i

Lot 1] it

M AL WA |

Intensity
Intensity

Intensity
M S S
o

SO |
| I
\ N
e e N TP SETRPRRUNEY | SRV PRI
5 6 7 8 9 10 11 12 13 14 15 5 6 7 8 9 10 11 12 13 14 15 5 6 7 8 9 10 11 12 13 14 15
2 Theta 2 Theta 2 Theta
025 Scan 035 Scan : 045 Scan
LiFeBO, } LiFeBO, | LiFeBO,
Partially-delithiated LiFeBO 71 Partially-delithiated LiFeBO [i f Partially-delithiated LiFeBO,
Fe,BO, l f 'ﬂl Fe,BO i Fe BO,

Intensity
Intensity
Intensity

DA, G AN i Aal | M A
\ \.J \ A
LAl nd Mo gt I W g e ok P ST -
5 6 7 8 9 10 11 12 13 14 15 5 6 7 8 9 10 11 12 13 14 15 5 6 7 8 9 10 11 12 13 14 15
2 Theta 2 Theta 2 Theta

Figure 3.10. Rietveld refinement of the diffraction patterns for the first LiFeBO3 charge (scans

002, 010, and 020) and discharge (025, 035, 045). Observed, calculated, and difference curves
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are in blue, red and grey respectively. The separate contributions of LiFeBOj3, partially
delithiated Li;-xFeBO3, and Fe3BOs are plotted in black, magenta and dark green, respectively.

Figure is reproduced with permission from Ref 1.
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Figure 3.11. 'Li MAS NMR spectra of LiFeBOs; samples at different states of charge and
discharge. The cell was discharged first in order to remove the degraded LiFeBO3 (LigFeBO3).
This discharge process almost completely removed the ’Li signature of LigFeBOs. The electrode
was then charged to 4.7 V and discharged again to 1.3 V. The disappearance of the LizFeBO3
resonance during the first and second discharge, and its reappearance during charge (seen more
clearly on the subsequent discharge to 2.2 V) demonstrate the reversibility of the
electrochemistry process involving the degraded phase, LigFeBOs3. Figure is reproduced with

permission from Ref 1.

The lattice parameters and unit cell volume of delithiated Li;.xFeBO3 at voltages above 2

V (where the weight percentage of the Li;.xFeBO3 phase is 10% or more) are plotted in Fig. 3.12.
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It can be seen that the cell volume is reduced by no more than 1.6% relative to pristine LiFeBOs3,
and that the majority of the change occurs for the b-axis. Although the changes in the p angle are
small, they represent a substantial movement towards the ideal value of 90< These results are
consistent with both theory and prior experimental measurements % °, and again demonstrate that

there are minimal changes in the LiFeBOj3 lattice during cycling.
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Figure 3.12. (a) Normalized lattice parameters of Li;xFeBO; during cycling. The distance csinf

is plotted instead of c since this product is the interlayer spacing. The top panel displays the
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progression of the P angle during cycling. The normalized volume is shown in (b). The
normalization is against lattice parameters of LiFeBO3 (ap = 5.1627 A, by = 8.9217 A, ¢ =

10.1746 A, Bo=91.381°and V, = 468.50 A®). Figure is reproduced with permission from Ref 1.

The structural changes that occur during cycling in the low voltage process are not
amenable to refinement due to the small volume fraction of the degraded phase (further
discussed in the next section) and strong peak overlap with the major phase. The overall changes
in peak position and intensity are quite small. However, it appears that discharge below 2 V
causes a small increase in the c-lattice parameter of the electrochemically active phase during the
lithiation process. This is evidenced by the reversible shift of the 004 peak (in the C2/c subcell
setting) in the XRD scans covering the low voltage redox process (scans 40-50, highlight in red

in Fig. 3.13).
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Figure 3.13. In situ XRD patterns of LiFeBO3 during electrochemical cycling (65 scans in total),
with a wavelength of ~0.41 A. The black curves represent the electrochemical processes
occurring for LiyxFeBO3z which primarily involve shifts of the 130 peak (obscured by the Fe3sBOs
peak indicated by the * at 9.29). This shift (indicated by red dotted line) is primarily induced by a
change in the b-axis length for a monoclinic cell with a B angle close to 90< The red curves
(scans 40 - 50) highlight electrochemical processes occurring in D-LigFeBO3 which involve 004
peak shifts. This shift (indicated by black dashed line) is driven by changes in the c-axis length.

Figure is reproduced with permission from Ref 1.

3.3.2 Electrochemical activity of degraded LiFeBO3

Evidence for the electrochemical activity of the degraded phase, D-LigFeBQOg, is provided
by the "Li NMR, in situ XRD, and electrochemical cycling experiments discussed above. This

redox process occurs at low voltages (< 2V), and the D-LigFeBO3z — D-Lig+,FeBO3 redox couple
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is therefore expected to be the source of the 1.8 V plateau in the GITT data reported previously’.
In order to better understand this electrochemical process, experiments focused on this low
voltage region have been carried out to investigate the reversibility of this process, to probe the
structural and compositional changes that this process induces, and to explore the structural
transformation pathways between the degraded and pristine phases. Accordingly, experiments
have been carried out both on electrodes prepared from pristine LiFeBOs, and on highly
degraded samples prepared by heating LiFeBO;3 in air at 100 <C (for over a week) until the

characteristic X-ray diffraction peaks of the pristine phase were suppressed.

The electrochemical performance of electrodes prepared from highly degraded samples
(Fig. 3.14) share some common features with those prepared from pristine LiFeBOg3, even though
there are substantial differences in the observed response. The degraded sample exhibits a net
capacity of 140 mAh/g, which is divided between high voltage (~2.8 V) and low voltage
processes (~1.8 V) in a manner similar to pristine samples, but with a substantially larger fraction
of the total capacity occurring at low voltage. The charge curves during the first nine cycles are
closely superimposed, indicating good reversibility. In contrast, the initial discharge curves
deliver a significantly reduced voltage relative to later cycles indicating that the battery
performance substantially improves upon cycling. These changes are much more pronounced in
the high voltage regime (~2.8 V) associated with the pristine phase than in the low voltage

regime (~1.8 V) associated with the degraded phase.
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Figure 3.14. Electrochemical performance of highly degraded LiFeBOs3. Starting with discharge,

the cell was cycled between 1.5 V and 4 V at a rate of C/30 calculated based on an assumed

capacity of 220 mAh/g (i.e., full capacity of LiFeBO3). Figure is reproduced with permission

from Ref 1.

The differences between pristine and degraded LiFeBO3 can be highlighted in dQ/dV
plots (Fig. 3.15). For the pristine sample, the primary ~2.8 V electrochemical features show up
on charging at 2.82 V (sharp peak, likely associated with a two-phase reaction between LiFeBO3
and LigsFeBOs3) and at 2.98 V (broad peak, likely associated with LipsFeBOs—LigsxFeBO3 solid
solution), but these features shift substantially lower to 2.48 V on discharge and are found further
from the thermodynamic plateau of ~2.8 V observed in GITT measurements. The degraded
sample also shows electrochemical features in this potential range , which are attributed to the
presence of a substantial quantity of LiFeBO; that has been oxidized (delithiated) but not

degraded. Interestingly, the sharp features associated with the pristine LiFeBO3; redox process
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(~2.8 V) on charge (2.83 V) and discharge (2.74 V) are separated less in the degraded sample
than in the pristine sample suggesting that a barrier to Li insertion has been removed. This is
either caused by the use of lower cutoff voltage for charging, or likely by the further reduction of

particle size of the pristine LiFeBO3 phase via the degradation process.
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Figure 3.15. Comparison of 5™ cycle dQ/dV data for electrodes prepared from pristine LiFeBOs

(blue) and highly degraded LiFeBO3 (red) showing that common high voltage (~2.8 V) and low

voltage (~1.8 V) processes occur in both. Arrows indicate related charge and discharge events.

Figure is reproduced with permission from Ref 1.

The low voltage (~1.8 V) processes ascribed to the degraded phase are present in

electrodes prepared from both pristine and degraded LiFeBOs3, though they are more clearly
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resolved in the degraded phase dQ/dV data, presumably due to the larger volume fraction of this
low-voltage process. These features suggest that the degraded phase is present even in electrodes
carefully prepared from the pristine phase, in agreement with the NMR results. Furthermore, the
low voltage processes are very closely aligned for the two different samples and do not exhibit
the large shift seen for the ~2.8 V process. The low operating voltage of the degraded LiFeBO3
phase limits its potential use as a cathode candidate although the substitution of Fe by other ions
(Mn or Co) which have redox processes at higher voltages might result in electrochemistry

suitable for battery applications.

3.3.3 Structure of degraded LiFeBO3

The product of LiFeBO3 degradation appears to be a phase that is structurally very
similar to pristine LiFeBOs, yet there is no evidence that pristine LiFeBO3; can be regenerated
from degraded LiFeBOj3 via electrochemical Li insertion at room temperature. The similarity of
these phases can be inferred both from present and prior X-ray diffraction measurements that
find only minor peak shifts and intensity changes when pristine LiFeBOj3 is subjected to
degradation-inducing conditions. In the case of nanoparticles, this could be just prolonged air
exposure, though for larger particles (> 1 micron) heat treatment (100 — 200 <C) is generally
required to eliminate the presence of X-ray diffraction peaks characteristic of pristine LiFeBO:s.
The very different kinetics for different particle sizes suggests that the degradation process
involves Li diffusion and Li loss through oxidation. We also find that the degradation process
requires exposure to O,, but not to H,O, and therefore is unlikely to involve the formation of

hydroxides or other hydrogen-containing species (Fig. 3.16). This is further supported by neutron
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diffraction data collected on the degraded phase, which show no evidence of incoherent

scattering from hydrogen in the background.
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Figure 3.16. 'Li MAS NMR spectra of pristine LiFeBOs and samples that were heated at 100 T
overnight under different atmospheres (Dry N2, N, + H,O and Dry O,). Figure is reproduced

with permission from Ref 1.

The structural similarity of pristine and degraded LiFeBO3 on the local scale is apparent
in neutron pair distribution function (PDF) studies, which were carried out on isotopic
‘LiFe**BO; samples to avoid problems with absorption. In contrast to X-ray scattering
experiments which are far more sensitive to Fe than the other elements in LiFeBOs3, neutron
scattering techniques provide good sensitivity to Fe, B, and O but not Li (coherent scattering

lengths in fm are: "Li: -2.22; Fe: 9.45; *'B: 6.65; O: 5.80). A comparison of the pair distribution
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function, G(r), generated from the total scattering analysis of neutron diffraction data from both
pristine and degraded LiFeBOs is given in Fig. 3.17. The pairwise atomic correlations (i.e., peak
positions) of these two samples in the real space G(r) data are similar at all length scales. While
peak intensities remain quite similar at distances corresponding to the local nearest neighbor
coordination shells (1.3 A for B-O bonds, 2.0 to 2.2 A for Fe-O bonds, 2.4 A for O-O pairs, and
3.1 A for Fe-B neighbors in the cation planes), there are more noticeable differences in peak
intensity at distances beyond 5A. The Fe-O bond lengths appear to be reduced after degradation,
as expected for an oxidative process which will result in higher valence iron with a smaller ionic
radius. There is no evidence of peak shifts that would indicate a large change in the coordination
environment of Fe, B, or O. The change in G(r) peak intensities can therefore be attributed to

small shifts in position or changes in occupancy of the original atomic sites in pristine LiFeBOs.
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Figure 3.17. Neutron PDF data from pristine (black) and degraded (red) LiFeBO3 powders
which were degraded by heating at 100 <C for 4 days until diffraction peaks from the pristine

phase disappeared. Figure is reproduced with permission from Ref 1.

Since both the Fe local environment and the overall nature of the borate framework
appear to be essentially unchanged by the degradation process, the dramatically lower redox
potential of the degraded phase (~1.8 V vs. ~2.8 V in the pristine LiFeBO3) cannot be simply
explained. The radical change in electrochemical properties is almost certainly related to
structural changes that occur during the degradation process. Neutron diffraction experiments
were therefore undertaken with the goal of determining the structure of the degraded phase.
These refinements were made challenging by the relatively broad peaks and relatively weak
diffraction peaks of the degraded phase, as well as the unavoidable co-existence of a delithiated
phase whose diffraction peaks strongly overlap with those of the degraded phase. The

inhomogeneity (i.e., the multiphase nature) of the degradation process can be clearly seen when
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LiFeBOj3 is heated isothermally at 200 and 240 <C under dry flowing O, (Fig. 3.18). It can be
seen in both cases that the reaction rate unexpectedly accelerates in the midst of the isothermal
hold, suggesting that the initial partial oxidation of LiFeBO3; (mass gain ~2.0% which is
substantially less than the expected gain of 6.6% for full oxidation) unlocks a distinct second
oxidative process which can occur more rapidly despite the constant sample temperature. The
conclusion that both degraded and delithiated LiFeBO3; form during the degradation process is

also supported by ‘Li/B NMR measurements, which will be discussed in the following

paragraphs.
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Figure 3.18. Thermogravimetric data of pristine LiFeBO3 (micron-sized) collected isothermally
under dry O, (25 mL/min) at 200 <C (red curve) or 240 <C (black curve). The rate of mass gain
increases at ~2.0% mass gain during these two isothermal holds suggests a common structural
transition associated with either delithiation or degradation. Figure is reproduced with permission

from Ref 1.
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The close similarity of the degraded and delithiated phase motivated an additional set of
NMR experiments with the resolution to distinguish between the two phases using a newly-
developed pj-MATPASS pulse sequence to gain information from both ’Li and *'B spectra, the
latter which has not previously been utilized to study this compound. The purpose of this NMR
study is to identify whether lithiation of LigFeBO3; would produce LiFeBOs;. Electrodes of
degraded LiFeBO; (100 <C in air for one week) were therefore prepared and studied by ‘Li and
1B NMR both before cycling (OCV) and after lithiation induced by discharging to 1.5 V at a
C/30 rate (based on an assumed 220 mAh/g capacity), with the results shown in Fig. 3.19. Using
the pj-MATPASS pulse sequence, the isotropic spectrum can be reconstructed (black spectrum,
top) from the individual NMR spectra in this 2D experiment (colored spectra in lower square)
that individually probe the contributions from spinning sidebands of different orders, providing a

sum projection after a shear transformation of the F, dimension.
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Figure 3.19. ‘Li NMR spectra of the highly degraded LiFeBOs electrodes (a) at OCV and (b)
after discharge to 1.5 V collected by using a pj-MATPASS pulse sequence. *'B NMR spectra of
the highly degraded LiFeBOj electrodes (c) at OCV and (d) after discharge to 1.5 V collected by
using a pj-MATPASS pulse sequence with a magnetic field of 11.7 T. Figure is reproduced with

permission from Ref 1.

The "Li NMR spectrum of the original material (Fig. 3.19a) contains a degraded LiFeBOs3
resonance (+218 ppm), a diamagnetic Li resonance (0 ppm), a weak LiFeBO3 resonance (-233
ppm), a broad resonance under the sharper +218 ppm resonance and several weaker peaks. The
degradation reaction is almost complete as signified by the very weak LiFeBO3 resonance. While
the +218 ppm and 0 ppm resonances were assigned to degradation products, the appearance of

several other resonances underscores the complexity of this degradation reaction. Note that broad
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resonances are also observed during the (de)lithiation processes. Their appearance in the highly
degraded LiFeBO3; sample therefore suggests that this "degradation” reaction is in fact a
combination of a delithiation and a degradation, producing phases such as LigsFeBO3; and

Lios.xFeBOs, along with the degraded phase, LigFeBO:s.

Assignment of the B NMR resonances was performed by comparing the spectra of a
pristine LiFeBO3; sample and partially degraded LiFeBO3 sample, as shown in Fig. 3.20. Strong
resonances associated with the degraded LiFeBO3 phase were found at ~2048 and ~1720 ppm in
the original material, while a weak resonance corresponding to LiFeBO3 (a complex peak shape
centered at ~2460 ppm) can also be discerned (Fig. 3.19c). A resonance at ~1034 ppm is
tentatively assigned to FesBOs, a known minor impurity phase in these samples, but this has not

been confirmed through studies on pure Fe;BOs.
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Figure 3.20. ''B pj-MATPASS NMR spectra of pristine and partially degraded LiFeBOs. Data
were collected with a magic angle spinning speed of 50 kHz, and a magnetic field of 7.1 T. The
pristine sample contains FesBOs as suggested by XRD studies. Therefore, one resonance with a
hyperfine shift of ~ 970 ppm was tentatively assigned to B in the Fe3BOs lattice. The dominant
~2460 ppm resonance was assigned to LiFeBO3, which also agrees well with our earlier DFT
calculation of the hyperfine shift for LiFeBO3. The ~ 0 ppm resonance corresponds to a boron-
containing diamagnetic phase, which could be unreacted LiBO, precursor or other types of
lithium borate that formed during the process of synthesizing LiFeBOs. In contrast to the pristine
LiFeBOs, two other resonances appear in the degraded sample (~1985 and ~1657 ppm), which
were therefore assigned to B in a degraded LiFeBOsj lattice (LigFeBO3). Figure is reproduced

with permission from Ref 1.
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After discharge to 1.5 V, the LiFeBO3 "Li resonance (at approximately -233 ppm) and the
1B resonance (at approximately 2460 ppm) grow in intensity, which we ascribe to the lithiation
of Li;«FeBO;3 (Fig. 3.19b and Fig. 3.19d). The sharper, more distinct resonances assigned to
degraded LiFeBO; (LigFeBOs) resonance disappear in the ‘Li NMR spectrum, and are
significantly broadened in the !B NMR spectrum. A new very broad resonance appears (with a
center of gravity of about 0 ppm in the ‘Li NMR spectrum, and 1000 ppm in the B NMR
spectrum) which can be assigned to the lithiated form of the degraded LiFeBOs;. This
demonstrates that, contrary to the reversible delithiation reactions of LiFeBOj3 (forming partially

delithiated Li;.xFeBO3), the transformation of LiFeBOj3 to LigFeBOs is irreversible.

The multiphase nature of the degradation reaction is also evident in neutron diffraction
studies. The neutron diffraction data (Fig. 3.21) from a degraded sample (200 <C, 5-day
treatment) could not be appropriately fit to a single monoclinic phase in Le Bail refinements,
indicating the presence of an additional phase. Two-phase Le Bail refinements assuming the
presence of both degraded (D-LigFeBO3) and delithiated (Li.xFeBO3) phases were successful in
modeling the observed diffraction pattern with two separate lattices whose dimensions were both
close to that of the pristine LiFeBO3z monoclinic C2/c subcell. One phase (a=5.1393(15) A b =
8.7654(22) A; ¢ = 10.1254(23) A; B = 90.332(26)°; V = 456.12(20) A%, later identified in
Rietveld refinements as the degraded phase, had a refined crystallite size which was two times
larger than the other delithiated phase (a = 5.1333(18) A; b = 8.8891(30) A:; ¢ = 10.1633(21) A;

B =190.351(19)% V = 463.75(24) A%).
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Figure 3.21. Rietveld refinements of degraded LiFeBO3; by time-of-flight neutron diffraction
(POWGEN). For clarity, only tick marks from the two main phases, degraded and delithiated
LiFeBOs, are shown in magenta and olive, respectively. Figure is reproduced with permission

from Ref 1.

After identifying these two distinct phases, efforts were then made to explicitly model
their diffraction peak intensities through Rietveld refinement. While the delithiated phase could
be satisfactorily modeled by refining only the atomic positions of the non-Li atoms and the
(reduced) site occupancies of the split Li sites, this was not the case for the degraded phase. The
degraded phase modeled intensities only agreed with the experimental diffraction data when the
occupancy of the Fe site was allowed reduced substantially below one, with a final refined site
occupancy of 0.76(2). This indicates that the degradation process involves the displacement of
Fe ions. This is fully consistent with the nature of the conditions that promote degradation
(heating, oxidation in air). The smaller ionic radius and different coordination preferences of Fe®*
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relative to the Fe?* in pristine LiFeBOj3 are expected to provide a thermodynamic driving force,
while mild heating provides extra activation energy for iron ions to escape their potential wells.
This degradation pathway may also likely to be accessible for other transition metal borates
which are isostructural to LiFeBOs, and perhaps may contribute to the source of the very poor
electrochemical performance for both LiIMnBOj3; and LiCoBOs, although other factors such as
poorer electronic conductivity and/or the presence of the Jahn-Teller ion Mn** on charging

LiMnBO3; may also play a role.

There are two possible final resting places for the Fe ions that are lost from the Fe site of
LiFeBO;3 during the degradation process. One likely position is at vacant Li sites, while the other
possibility is the loss of Fe from the LiFeBO3; framework. The original Li site becomes
accessible primarily due to Li loss during the degradation process forming diamagnetic species
surrounding the parent LiFeBO3 particles, although a small amount of Li/Fe anti-site disorder
may also occur. When Fe was placed on the Li site in Rietveld refinements, the refined
occupancy of this Fe site was 0.11(2), corresponding to only half of the ions lost from the
majority site. Minimal differences in the quality of the refinement were found when this site was
alternately tested to be fully vacant or to contain all of the Fe lost from the majority site. It is
therefore not possible to discriminate between these two structural models (i.e., disordering of Fe
onto the Li site and Fe loss) from the present neutron diffraction data. The same model for Fe
occupying the Li site was also tested against the neutron PDF data (Fig. 3.22), the refined
distribution (0.56 Fe on the original Fe site and 0.11 Fe on the original Li site) was very similar
to that obtained from Rietveld refinement of X-ray and neutron diffraction data. The Rietveld
refinement results for degraded LiFeBO3 are given in Tables 3.1-3. Structural information is also

obtained for the delithiated phase that was also included in the refinement, though small fraction
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of this phase (13 wt%) severely limits the accuracy of this refinement. Intriguingly, it was found
that one of two split Li sites was fully occupied while the other was fully depopulated, providing
both a putative stoichiometry(LiosFeBO3) and rational for the two-phase end member of the
delithiation of LiFeBO3. Although this result must be considered tentative given the limitations
of the diffraction data, it does provide a trial structure whose importance to the delithiation

process can be tested by density functional theory calculations.
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Figure 3.22. (a) Neutron PDF refinement (R, = 0.23)of a highly degraded sample that was
treated at 100<C for 4 days. The observed data is shown in blue, the calculated pattern in red and
the difference pattern in olive. Two phases (pristine LiFeBO3; and degraded LiFeBO3) were used

in the refinement, with all the structural parameters of pristine LiFeBO3 fixed to the values
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refined using PDF data of an essentially single phase LiFeBO3; sample (b), and with the structural
parameters for the degraded phase allowed to freely vary during the refinement. The calculated
ratio of Fe on the original Fe and Li sites is 56:11, which qualitatively agrees with the Bragg
diffraction analysis. When the start of the fitting range for the degraded phase was lowered from
10 Ato 1 A, the fitting quality was substantially degraded (R,, = 0.29). This is mostly likely due
to the presence of inhomogeneity in the degraded structure, as well as other amorphous Li-rich
components that may be produced external to the iron borate phase during the degradation
process. It should be further noted that the fit quality is also poor at low distances (r <5 A) is in
the PDF refinement (c) of the highly pure pristine LiFeBO3 sample (R,, = 0.10 for 10-30 A, and
Rw = 0.17 for 1-30 A), presumably because a simple average structure of LiFeBO3 (50/50 split Li
sites, one Fe site) was utilized rather than the fully modulated (or 4-dimensional) structure which
has four different local coordination environments for every atomic site in the simpler average

structure. Figure is reproduced with permission from Ref 1.
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Table 3.1. Crystallographic data for the degraded LiFeBO3 based on time-of-flight (TOF)

neutron diffraction

Radiation TOF neutron (POWGEN, SNS)
Crystal system Monoclinic
Space group C2/c (#15)
Lattice parameters a=5.1390(15)A, b=8.7650(22)A,

c=10.1240(23) (26) A, p=90.341(26)°
Cell volume 456.01(21)A3

Density (calculated) 3.12518 glcm®

) 0.7955 A- 1.8655 A
Ruwp 2.640%

R, 3.192%

r 4.295
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Table 3.2. Atomic coordinates and thermal parameters of the degraded LiFeBO3; (TOF neutron)

Atom Wyck. x/a y/b zlc Occ. Biso (A9
Fe@Lisite  8f 0.172(22) -0.003(14) 0.134(14) 0.11(2) 2.65

Fe 8f 0.3588(20) 0.1657(16)  0.3698(16)  0.76(2) 1.1619
B 8f 0.16839(28) 0.32536(14) 0.12062(28) 1 0.5348
01 8f 0.08376(30)  0.32852(91)  0.42332(69) 1 0.7690
02 8f 0.26141(59)  0.18911(19)  0.16620(31) 1 0.7690
03 8f 0.28441(52)  0.46489(18)  0.13167(65) 1 N/A"

" 03 has the largest modulation amplitude when describing LiFeBO; in the modulated structure with a superspace
group of C2/c (a0y)00 (o = 1/2 and y = 0). When using the average structure (C2/c), the modulation of the O3 atom
can be best described with anisotropic thermal parameters. This has been demonstrated in our prior single crystal
work (Ref. 8 in the main text), and the anisotropic thermal parameters associated with this site in Rietveld
refinements were fixed to the values (U;= 0.0094, U,,= 0.00698, Us3= 0.0185, U;,= 0.00183, U;3=-0.00246, Uys= -
0.00060) previously obtained from single crystal diffraction data.
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Table 3.3. Selected bond distances (A) for the degraded LiFeBO3 (LigFeBOs)

TOF neutron, LigFeBO4

Fel-01" 2.03(12)
Fel - 02 1.77(12)
Fel- 03 2.01(11)
Fel- 03 2.40(14)
Fe2 - 01 2.082(14)
Fe2 - 01 2.114(17)
Fe2 - 02 1.998(11)
Fe2 - 02 2.128(16)
Fe2 - 03 1.908(14)
B-01 1.3649(24)
B-02 1.3656(26)
B-03 1.3649(24)

“For clarity, Fe @ Li site is denoted as Fel and Fe at the original Fe site is denoted as Fe2.

Complementary information into the degradation process was obtained through high-
resolution transmission electron microscopy (HRTEM) imaging of a single particle of the
degraded phase (Fig. 3.23). The interior of a degraded LiFeBO3 particle can be very effectively
modeled (Box 1) using the pristine LiFeBO3; subcell in either a fully lithiated or partially
delithiated state (the image contrast is weakly sensitive to the Li content). This is consistent with
prior EELS studies, which find divalent iron at the center of particles but more highly oxidized
iron at the particle exterior ’. Even accounting for changes in sample thickness, the next shell

out from the particle center (Box Il) cannot be modeled with the same pristine structural model.
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However, this area can be very effectively modeled by a degraded structure in which iron is fully
disordered (50/50) over the Fe and Li sites. The smaller degree of disorder suggested by
Rietveld refinement (76/24) is also ineffective in modeling this region, suggesting that when
there is a sufficient driving force to push Fe onto a Li site, there will be full randomization
locally. Finally, the thin (~2 nm) outermost shell of the particle has less bright/dark contrast than
the region assigned to the degraded phase. The very symmetrical HRTEM pattern here can
perhaps be better simulated using a mixture of the hexagonal lattice of a-Fe,O3; (hematite) and
the degraded LiFeBOs structure, as shown in Fig. 3.24. The hexagonal structure of a-Fe,O3 has
an in-plane lattice parameter of 5.04 A, which is only 2% smaller than the pseudohexagonal
lattice of pristine LiFeBOs3, and which almost perfectly matches the D-LigFeBOs3 lattice (5.07 A
in-plane for pseudohexagonal setting). It is possible that this outer layer contains Li, which has

some solubility in a-Fe,05 1 %

, though it is highly unlikely that borate groups are compatible
with the close-packed oxygen framework of a-Fe;O5. The electrochemical behavior previously
reported for a-Fe,Oj3 is not consistent with the voltage and capacities observed for LiFeBO3 after
degradation, further supporting the assignment of the 1.8 V electrochemical feature to the

degraded LiFeBO3 framework rather than a secondary phase of hematite.
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Figure 3.23. HRTEM) image of a degraded LiFeBO3 particle viewed in the [001] zone axis.
Simulations are shown for pristine (1) and degraded (1) LiFeBOj3, with a zoom of the image
shown next to the latter including a red box marking the relationship of the LiFeBOj3 unit cell to
the image. Data was collected and analyzed in collaboration with Dr. Lijun Wu, Dr. Lihua Zhang
and Dr. Feng Wang from Brookhaven National Laboratory.Figure is reproduced with permission

from Ref 1.
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’ . nn '
Figure 3.24. (a) HRTEM image from the degraded area. (b-d) Image simulation by multislice
method with thickness=9.1 nm, defocus=-30 nm based on the same degraded structural model,
but with varying degrees of Fe disordering onto the Li site: (b) 0.5 occupancy of Fe at Fe site, 0.5
Li /0.5 Fe occupancy at Li site, (c) 0.75 occupancy of Fe at Fe site, 0.75 Li / 0.25 Fe occupancy
at Li site and (d) a-Fe,O3 (hematite). () Image by adding (b) and (d). Data was collected and

analyzed in collaboration with Dr. Lijun Wu, Dr. Lihua Zhang and Dr. Feng Wang from

Brookhaven National Laboratory. Figure is reproduced with permission from Ref 1.

3.4 Conclusions

As summarized in Fig. 3.25, it is found that the delithiation of LiFeBO3; proceeds
reversibly through first a two-phase reaction between LiFeBO3 and LiiFeBO3 (t ~ 0.5) at ~2.8 V
vs. Li*/Li and then through a solid solution between Li;FeBO3z and Li.xFeBO3 (0 < x < t) at
slightly higher potentials (2.8 — 3.2 V), though the full delithiation of LiFeBOj3 to form "FeBO3"
has not yet been experimentally demonstrated. For typical battery cells and normal cycling
conditions, the solid-solution reaction begins well before the two-phase reaction is complete as a
result of the large overpotentials commonly experienced. The degradation of LiFeBOj3 involves
at least two separate processes that produce distinct degraded and delithiated phases, both of

which share the same monoclinic framework as pristine LiFeBOj3. A key structural aspect of the
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degraded phase is the loss of iron from its original trigonal bipyramidal crystallographic site.
TEM studies support the conclusion that the missing iron has moved onto what was formerly a
Li site, though the complete loss of iron from the degraded phase (in the form of -Fe,03)
cannot be definitively excluded. The degraded phase is oxidized relative to the pristine phase but
still contains Li and can be reduced to contain only divalent iron when Li is intercalated at low
voltages (< 1.8 V). This degradation pathway is also expected to be accessible for other transition
metal borates such as LiMnBO; and LiCoBOs; and could be responsible for the poor
electrochemical performance of these phases if the degradation pathway of loss of transition

metal from the bipyramidal site can occur at room temperature.
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Figure 3.25. Summary of the structural transformation pathways of LiFeBO3 during delithiation

and degradation. Figure is reproduced with permission from Ref 1.
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Chapter 4

Thin film and bulk investigations of LiCoBOj3 as a Li-ion battery cathode *

4.1 Introduction

LiMBO3; (M = Mn, Fe, Co) cathode materials have generated recent excitement in the
battery community due to their high theoretical specific capacities (~220 mAh/qg) relative to the
very extensively studied olivine LiFePO, system (170 mAh/g)® 3. Among LiMBO3; compounds,
the best performance thus far has been achieved for LiFeBO3, a compound for which multiple
groups have demonstrated half-cell batteries in which more than 75% of the theoretical capacity
can be achieved reversibly >, However, the rate performance of this system lags behind that of
most commercialized systems and the overall LiFeBOj3 energy density is limited by the relatively
low potential associated with the Fe**/Fe?* redox couple (~2.8 V vs. Li+/Li) and has yet to show
improvement beyond that achieved for LiFePO,4. Furthermore, this system is known to rapidly
degrade on exposure to air * °, in a process which has recently been demonstrated to involve

disorder between the Li and Fe sites °.

Density functional theory calculations predict that substantially higher voltages can be
achieved for LiMnBO; (3.6-3.7 V) and LiCoBO; (4.0-4.1 V) than for LiFeBOs; % 0,
Experimental studies on LiMnBO; to date have only resulted in about half of the LiMnBOs
theoretical capacity being realized, and show a very large degree of polarization (> 1 V) which
has prevented the accurate experimental assessment of the redox potential associated with this
phase. It has been suggested that Mn dissolution at higher states of charge may be a factor
limiting the realization of the theoretical capacity of LiMnBOs3, as it has been observed that
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LiMnBO3 exposed to NO,BF, experiences a complete loss of crystallinity ’. Relative to pure
LiFeBOs, solid solutions of LiMnBO3; with LiFeBO3 require higher potentials to charge and
display higher OCV voltages but unfortunately do not produce any substantial improvements in
discharge voltages, which occur almost entirely below 3 V 7. It has proven even more difficult to
reversibly cycle LiCoBO3; than LiMnBOs. The best reported discharge capacities of about 30
mANh/g were observed for nanoscale preparations (primary particle size of 50-100 nm, though
with a substantially larger secondary particle size), and the rate of Co dissolution at oxidizing
potentials was high enough to observe the deposition of Co metal on the Li anode in half-cell

experiments &,

Smaller particle sizes are expected to lead to improved performance for LiCoBOj3 due to
(1) smaller Li diffusion lengths and (2) a reduction in the overpotential needed for charging due
to the shorter electron transport distances. Physical vapor deposition processes offer the ability
to precisely control film thickness, and can allow the performance of LiCoBOj3 to be evaluated at
shorter length scales than was previously possible. Films of LiCoBO3 were therefore prepared by
reactive magnetron sputter deposition techniques, and their electrochemical and electronic
properties were studied to investigate whether the present performance limitations of the
LiCoBO3; system can be overcome in batteries incorporating uniformly small grain sizes of
LiCoBOs. Detailed characterization of the bulk and local structure of LiCoBO3; were carried out
in tandem with impedance spectroscopy measurements to explore whether the major factors
limiting reversible capacity were structural (anti-site defects) or kinetic (poor Li-ion or electronic
conductivity) in nature. Finally, optical studies on powders and thin-film samples provided an
opportunity to compare experimental results with prior DFT predictions, especially since the

latter are not always well-behaved for 3d transition metal systems.
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4.2 Experimental

Synthesis of LiCoBO3 powder: LiCoBO3; powder syntheses were tested under a variety of
conditions, including different combinations of starting materials (LiBO, + CoO, LiBO, +
Co30,, addition of 10% citric acid to preceding mixtures), reaction temperatures (600, 700, and
800 <C), reaction time (12, 20, 22, and 25 hours), crucible types (alumina, quartz and graphite),
and atmospheres providing different oxygen chemical potentials (air, N2, Ar, and forming gas of
5% H, / 95% N,). Typically, stoichiometric amounts of precursors sufficient to prepare 5 g of
product were weighed and then milled in a stainless steel high-energy ball mill jar for at least 30
minutes (SPEX SamplePrep8000 Mixer/Mill). The optimal procedure for producing LiCoBO3;
was found to consist of the reaction of LiBO, and CoO at 600 °C for 20 hours under N, in
graphite crucibles. More reducing conditions (i.e., the addition of 10% citric acid in the starting
material or the use of 5% H, / 95% N, atmosphere) favored the reduction of ionic Co to Co

metal, preventing the formation of LiCoBOs.

Thin film preparation: Al,O3 substrates of 1 cm diameter and 380 pm thickness (99.6%,
Valley Design) were coated on both sides with 0.5 pm Pt using direct current (DC) magnetron
sputtering to form the cathode current collector. LiCoBOj thin films were deposited onto the Pt-
coated Al,O3 substrates by radio frequency (RF) magnetron sputtering using a homemade

LiCoBO; target (general methods can be found elsewhere) ° *°

. The target was prepared by
pressing enough powder to form a 2” diameter disk (1/8” thick). This pellet was fired for 3 h at
700 <T under argon gas and bonded to a Cu plate. RF sputtering was carried inside a chamber
with a base pressure of 10° Torr, using an Ar plasma operated at 80 W power and 20 mTorr

pressure. A quartz microbalance was used before and after the deposition to measure the amount

of mass deposited by unit of time. After deposition, the as-produced thin films were post-
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annealed in flowing argon at 600 °C for 1 hour in a tube furnace. After preparation, the samples
were stored under an Ar atmosphere (typically inside an Ar-filled glovebox) until used for
measurements. For impedance measurements, a second 1 mm thick Pt electrode was deposited
(DC magnetron sputtering) on the annealed thin film sample to provide the second electrical

contact.

XRD: X-ray diffraction (XRD) patterns of powder samples were collected on a Bruker
D8 Advance laboratory diffractometer (Cu K,), equipped with a 192-channel Lynx-Eye linear
strip detector. For the collection of Rietveld refinement quality data, a fixed divergence slit of
0.3°was used in place of the normal variable slits, and a deeper zero-background Si holder with
a well depth of 0.3 mm (rather than the typical 0.05 mm) was utilized to minimize preferred
orientations of the crystallites. The Rietveld refinement was carried out using the TOPAS v4.2
software package. Distance restraints for the BO3 group were implemented so that chemically
reasonable bond lengths (B-O bond distances of 1.37 #0.02 A) would be maintained in the
refined structural models. The displacement parameters of LiCoBO3; were fixed to the values
experimentally determined for LiFeBO3; from the refinement of higher-resolution time-of-flight
neutron diffraction data for a highly pure ‘LiFe!'BOs pristine sample °, since they essentially
share the same framework and the laboratory X-ray diffraction data used in the present study did
not permit the accurate determination of displacement parameters for light atoms. Powder XRD
measurements on thin film electrodes were performed using a Scintag Pad V X-ray Diffractomer

with a Cu K, source and a thin Ni filter.
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Scanning Electron Microscopy (SEM): SEM images were collected on a JEOL 7600F
high-resolution microscope. The as-prepared LiCoBO3z powder was attached onto a 12.5 mm
graphite mount (Ted Pella, Inc.) using a diluted colloidal graphite water solution (Ted Pella,

Inc.).

Compositional Analysis: Li:Co molar ratios of thin films were determined using a
Thermo Jarrell Ash IRIS inductively coupled plasma-optical emission spectrometer (ICP-
OES). 2 mL of freshly prepared aqua regia (3:1 mixture of hydrochloric acid and nitric acid)
were used to dissolve the films for analysis followed by dilution in 18.3 M deionized water. A
series of ICP standards were prepared by the serial dilution of standards purchased from Alfa

Aesar.

TGA: Thermogravimetric analysis (TGA) studies were carried out on a Q5000IR system
(TA instruments). TGA scans were run under flowing O, (25 mL/min) with a heating rate of 0.25
<C/min on heating and an isothermal hold at 650 <C for 1 h, before cooling down and stabilizing
the system at room temperature, allowing the net mass change to be determined without

correcting for buoyancy.

Diffuse reflectance: Higher energy diffuse reflectance data was collected on a Perkin-
Elmer Lambda 950 UV-VIS spectrometer incorporating a 60 mm diameter Spectralon integrating
sphere over a wavelength range of 200 nm — 860 nm. Samples were packed to a depth of ~10
mm in a black cup with a thin quartz window (1.50 mm thick) mounted vertically in the
instrument, and intensities were referenced to a BaSO, standard (Alfa Aesar, 99.998%). Lower
energy bidirectional reflectance data were collected using a custom bidirectional reflection

spectrometer with an ASD detector system capable of analyzing data collected over the
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wavelength range of 350 — 2500nm. The RS® spectral acquisition software from ASD Inc. was
used for reflectance data collection. Powder samples were filled to a depth of 1 — 2 mm in a flat
black dish. The incident beam and detector were oriented at angles of 0 and 30 degrees,
respectively, relative to the vertical normal vector of the dish. Light was collected over a
relatively small angular range using an optical lens with a circular opening corresponding to a 7°

aperture. Absorbances were estimated using the Kubleka-Munk transform, owm/ s = (1-R)? / 2R,

where R is the measured diffuse reflectance and s is an unknown sample scattering coefficient,

which is sample-preparation dependent and strongly depends on particle size. Direct gaps were
fit to the functional form: a(E) = A(E - Eg)Z/E, where the E in the denominator accounts for the
typical variation in semiconductor optical coefficients near the gap. The Urbach tail region was

fit using the functional form: @ = Ae~(E~E¢)/Eu  where E, an approximate gap and Ey is a

characteristic Urbach energy that describes the breadth of the transition.

NMR: For ’Li magic angle spinning (MAS) NMR measurements, a 1.3 mm HX probe
(Samoson) was utilized in a wide-bore Oxford 500 MHz (11.7 T) Varian Infinity Plus
spectrometer. A rotor-synchronized spin echo sequence (n/2-t-n-t-acquisition) was utilized with
a spinning speed of 50 kHz. The Larmor frequency of ’Li is 194.24 MHz. A pulse width of 1.6
ps (n/2) and a recycle delay of 100 ms were used. 1 M LiCl was used as an external chemical
shift reference (0 ppm). To better separate the manifold of spinning sidebands, a recently
developed pulse sequence, projection-magic angle turning phase adjusted spinning sidebands (pj-
MATPASS) was also employed. The pj-MATPASS pulse sequence was adopted from previous
work ™ and the starting t; was set to be 2/3 of a rotor period to minimize pulse ring-down effects

before detection. The m/2 projection pulse was 1.6 us.
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Electrochemistry: Electrochemical characterization was conducted at 25°C inside a
thermostatic incubator using 2-electrode coin cells (2032 hardware, 316L, Hohsen) prepared
inside an Ar-filled glovebox. The cells consisted of a pure Li (Alfa Aesar) counter electrode, 1.2
M LiPFs in dimethyl carbonate (DMC) and ethylene carbonate (EC) (Novolyte) as the electrolyte,
Celgard 2500 separators, and the thin film as the working electrode. Galvanostatic cycling was
performed on a Maccor 4000 Series from 2.5 to 4.5 V. Impedance measurements were performed
using a Solartron 1400 CellTest system (0.1 Hz — 1 MHz). Cyclic voltammetry measurements
were performed using a Biologic VSP potentiostat scanned at a rate of 5 mV/s. The current

density was converted into a C rate based on the LiCoBOj3 theoretical capacity of 215 mAh/g.

4.3 Results and discussion

4.3.1 Synthesis and structural studies

A first step toward the goal of producing and characterizing LiCoBOj3 thin films was the
development of a bulk synthesis procedure for producing large amounts of LiCoBO3; powders
which can be pressed into a target for a reactive magnetron sputter deposition film growth.
Although a variety of synthesis procedures for producing nanoscale LiFeBOs; have been

previously developed which utilize carbon to help inhibit grain growth and sintering*> *2

, these
synthesis methods cannot in general be directly applied to the production of LiCoBO3;. The best
method for the synthesis of bulk LiCoBOj in the present study was found to be the reaction of

LiBO, and CoO precursors at 600 <T under inert gas (flowing N, or Ar), which readily produced

nearly single phase LiCoBOs, but often with a slight amount of a Coz0,4 impurity phase (Fig.
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4.1). The addition of citric acid as a precursor resulted in the observation of LiBO, and Co metal
(mixture of hexagonal and cubic close packed polytypes) as reaction products, and the same
overly reduced products were observed when citrate-free precursors were used under more

strongly reducing conditions (5% H; / 95% N, gas at 600 <C), as shown in Figure 4.2.
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Figure 4.1. XRD patterns of (a) as-deposited film on Pt-coated Al,O3 substrates exhibiting no
peaks other than those associated with the substrate, (b) post-annealed films (600 °C, 1 hr),
exhibiting the expected LiCoBOj3 diffraction peaks, and (c) powder LiCoBO;3; prepared from

reacting LiBO, and CoO under N, at 600 °C. Data was collected and analyzed in collaboration
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with Dr. Gabriel Veith from Oak Ridge National Lab. Figure is reproduced with permission from

Ref 1.
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Figure 4.2. XRD patterns of syntheses of nominal LiCoBO3 using (a) LiBO, + CoO + 10% citric
acid in N at 600 °C, (b) LiBO, + CoO in 5% H, / 95% N, at 600 °C, and (c) LiBO, + CoO in N,
at 600 °C. Pure LiCoBOj3 phase is shown in purple overlay. Impurity phases of (*) hcp Co, ()
ccp Co, and (1) LiBO, are marked. Data was collected and analyzed in collaboration with Mr.
Micheal Saccomanno from Stony Brook University. Figure is reproduced with permission from

Ref 1.

It should be noted that more reducing conditions were successfully utilized in the recently
developed synthesis of Yamashita et al. for producing nanoparticles of LiCoBOj3 8 a method
which utilized a Co,B,0s precursor containing divalent Co and included a conductive carbon
additive rather than complex carbohydrates (sugar, citrate, etc.). This alternative method

produced CoO rather than Co3O,4 impurities at the optimal temperatures of 400 — 450 <C, and
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gave Co metal as a major reaction product at temperatures as low as 500 <C. However, particle
size reduction was not an important goal of the present synthesis, and the approximate particle
size of <10 microns observed in SEM studies (Figure 4.3) was sufficiently small to allow the
powders to be pressed into dense pellets that could serve as targets for the production of films by

sputter deposition.

7% 10um
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5.0kV SEI SEM WD 6.0mm 1:04:12

X 5,000 5.0kV SEI SEM

Figure 4.3. SEM images of LiCoBO3; powder prepared from reacting LiBO, and CoO under N,
at 600 °C. Particles form a dense agglomerate with a primary particle size smaller than 10

microns. Figure is reproduced with permission from Ref 1.
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Bulk powders (~25 g) of LiCoBOj3 prepared in the optimal manner were cold pressed into
a 2” diameter pellet, sintered, and then bonded to a copper plate to serve as a stoichiometric
single-phase target for RF magnetron sputtering. Films were deposited either directly onto a
sapphire substrate or onto a sapphire-supported underlayer of electronically conductive Pt film
prepared by DC magnetron sputtering. The LiCoBO3 deposition rate was calibrated using a
quartz microbalance and Referenced to the total mass of a reference sample obtained by ICP
analysis, allowing the actual mass loading (mg/cm?) and nominal thickness (assuming 100%
density) of subsequent films to be calculated. Although the thinnest films (as low as 15 nm
nominal thickness) were the most desirable for electrochemical studies, thicker films were also
prepared under similar conditions to determine which phases were present in the as-deposited
films and in films treated by post-annealing. As seen in Figure 4.1, the as-deposited nominal
LiCoBOs films only exhibited diffraction peaks associated with the Al,O3 substrate and the Pt
underlayer, suggesting the absence of the desired crystalline LiCoBO3 phase. However, post-
annealing films in Ar at 600 <C for 1 hour resulted in the production of crystalline LiCoBOs3,
together with a small impurity phase of Co30,4 and one weak additional un-indexed diffraction
peak, potentially associated with Li,O. ICP compositional analysis (averaged over three films
prepared at different times over a 3 month span) found that the Li:Co ratio was 1.09:1 with an
esd of 0.05, suggesting that the films may have a slight excess of Li. Lithium enrichment is
known to occur during the deposition of some Li-ion battery materials due to differences in

sputtering rates of the Li and transition metal®.

In order to study the structure of bulk LiCoBOs, Rietveld refinements were carried out
using long powder diffraction scans collected on a laboratory diffractometer (dmin ~ 0.9 A). It

has been recently shown that both the delithiation and the degradation of LiFeBOj results in
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structural variants of LiFeBO3; which can be indexed to a monoclinic lattice that is nearly
indistinguishable from that of the stoichiometric pristine phase ®. As seen in Figure 4.4, the
structure of LiCoBO3 can be very well fit by Rietveld refinements using the simplified average
structure of pristine LiFeBOj3 (two half-occupied Li sites of non-ideal tetrahedral symmetry, one
single unsplit transition metal site which is a nearly ideal trigonal bipyramid, shown in inset)

13 The refined lattice

derived from the more complex modulated superstructure of LiFeBOj3
parameters in space group C2/c (#15) are: a = 5.1319(3) A, b = 8.8495(6) A, ¢ = 10.1404(5) A,
and B = 91.281(3)°, with the full results of the Rietveld refinement and relevant structural
parameters provided in Tables 5.1-4.3. There was no evidence of the anti-site disorder between
the Li and transition metal sites that was found to be the key characteristic of degraded LiFeBOs3,
though higher resolution data (such as synchrotron X-ray or time-of-flight neutron diffraction)
could much more definitively rule out alternative structural models such as this one. It is not
surprising that LiCoBO3 does not degrade upon air exposure since LiFeBO3; degradation was
found to be an oxidative process which may readily occur for compounds like LiFeBO3 which
have modest voltages (~2.8 V), but is not expected to occur for high voltage compounds like

LiCoBO3; whose raised potentials preclude significant oxidation by the molecular species present

in air (O, H,0, etc.).
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Figure 4.4. Rietveld refinement of laboratory XRD pattern from powder LiCoBO3 sample. Inset:
LiCoBOjs crystal structure (viewed along [001] direction to emphasize the pseudo-trigonal nature

of the framework) and a picture of the intense blue color of powders. Figure is reproduced with

permission from Ref 1.
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Table 4.1. Crystallographic data for LiCoBOs. Table is reproduced with permission from Ref 1.

Radiation CuK,

Crystal system Monoclinic

Space group C2/c (#15)

Lattice parameters a=5.1319(3)A, b = 8.8495(6)A,
c=10.1404(5) (26) A, =
90.281(4)°

Cell volume 460.41(5) A

Density (calculated) 3.66197 glcm®

) 1.54 A
Rup 4.135%
Roragg 2.803%
r 1.289
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Table 4.2. Atomic coordinates and thermal parameters of LiCoBOs. Table is reproduced with

permission from Ref 1.

Atom Wyck. x/a y/b zlc Occ. Biso (A9
Lil 8f 0.163 0.005 0.157 0.50 0.8679

Li2 8f 0.161 0.003 0.588 0.50 25721

Co 8f 0.1583(7) 0.3348(4) 0.1230(4) 1 1.1619

B 8f 0.351 (1) 0.1655(9) 0.354(1) 1 0.5348

01 8f 0.225 (1) 0.3027(6) 0.342(1) 1 0.7690

02 8f 0.409(1) 0.163 (1) 0.0836(9) 1 0.7690

03 8f 0.182(1) 0.0438(4) 0.370(1) 1 anisotropic”

*Anisotropic thermal parameters associated with this O3 site in Rietveld refinements were fixed to the values:

Ull = 00094, U22 = 000698, U33 = 00185, U12 = 000183, U13 = '000246, U23 =-0.00060.
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Table 4.3. Selected bond distances (A) for LiCoBOs. Table is reproduced with permission from

Ref 1.
Lil-01 1.817(7)
Lil- 02 1.881(5)
Li1-03 2.034(9)
Li1-01 2.19(1)
Li2- 01 1.867(7)
Li2 - 03 1.943(9)
Li2 - 02 1.944(6)
Li2- 01 2.25(1)
Co-01 2.024(7)
Co- 02 2.025(8)
Co-03 2.04(1)
Co-03 2.116(9)
Co-02 2.26(1)
B-03 1.372(9)
B-02 1.379(9)
B-01 1.39(1)

The stability of LiCoBOg3 against oxidation was directly probed in TGA studies (Figure
4.5). When heated under dry flowing O,, the onset of oxidation is found to occur at 460 <C,
suggesting that LiCoBOj is very resistant to oxidation as might be expected from the high

voltage calculated for this compound. The mass gain appears to occur through two processes
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rather than one, and the sample mass reaches a maximum around 575 <C, before slightly
decreasing on further heating to the maximum program temperature of 650 <C. XRD analysis
shows a spinel phase with the lattice parameters expected for Co3O,4 as the only crystalline
product after heating. The net mass change after oxidation is +4.23%, a result that is very
consistent with the calculated mass change of +4.30% for the oxidation of Co®* to the higher
valence of Co*®"* expected for Co304 (LiCoBO; + 1/6 O, — 1/3 Co30, + LiBO,). Taken
together, these results suggest that LiCoBOs is very stable until it is thermally oxidized, at which
point it rapidly decomposes to a spinel structure. These results suggest that oxidized LiCoBO3;
(i.e., LixCoBOs3) is not thermodynamically stable at elevated temperature, in contrast to the

LiFeBO3 system, where LixFeBO3 intermediate compositions are accessible upon heating.
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Figure 4.5. Thermogravimetric response of LiCoBO3; powder heated under flowing oxygen at
0.25 </ min. Derivative curve (red) indicates presence of at least two distinct mass gain

processes. Figure is reproduced with permission from Ref 1.
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The local structure of Li in the LiCoBO3 framework also was directly probed using "Li
solid state NMR. As shown in Figure 4.6, the "Li NMR spectrum of LiCoBOs is significantly
broadened by the dipolar interactions between Li and the unpaired electrons associated with Co®*
4 When using a standard chemical shift spin echo (csecho) sequence, it is extremely difficult to
identify the isotropic shift of Li in LiCoBO3; due to the severe overlap of spinning sideband
manifolds. However, the isotropic shift can be clearly resolved using a pj-MATPASS pulse
sequence™’. Compared to structural analogue of monoclinic LiFeBOs, the isotropic peak of
LiCoBOg3 is much broader (~100 KHz) and has a much smaller hyperfine shift (-40 ppm for
LiCoBOs, -233 ppm for LiFeBO; *). The smaller hyperfine shift of LiCoBO; is almost certainly
a result of the smaller spin of Co?* (S = 3/2) relative to Fe?* (S = 2), as the extra d-electron in this
ion (d” configuration) results in fewer unpaired electrons within the trigonal bipyramidal ligand
environment. This trend of hyperfine shift variations in LIMBO3; compounds can be rationalized
based on the M-O-Li bond pathway decompositions *°, and is qualitatively consistent with the

® " One possible source of broadening of the LiCoBOj isotropic

LiMPO, olivine system
resonance is structural disorder that results in a wider distribution of Li local environments.
Since moderate levels of heating are known to cause Li/Fe anti-site disorder in the related
compound LiFeBO3, comparative measurements before and after an overnight air anneal at
100<C of (1) the as-prepared LiCoBO3 powders and (2) the as-prepared LiCoBOj3 electrode films
were attempted to vary the extent of disorder. There is no observable change in the ‘'Li NMR
responses of these two LiCoBO3 samples, suggesting that the framework of LiCoBO3 remains
unaltered (Figure 4.6). A second potential source of the observed broadening arises from the bulk
anisotropic magnetic susceptibility broadening. This originates from the unquenched angular

2+ 17

momentum associated with Co caused, in this case, by the mixing in of ground and excited
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states by the spin-orbit coupling. This will generally result in line broadening that cannot be

completely removed by magic angle spinning.
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Figure 4.6. 'Li NMR spectra of pristine LiCoBO; collected with the use of pj-MATPASS

(bottom) and csecho (top) pulse sequences. Figure is reproduced with permission from Ref 1.
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Figure 4.7. "Li NMR spectra of pristine LiCoBO3 powder (bottom), and the LiCoBO; electrode
film prepared after annealing at 100 <C in air (top). Figure is reproduced with permission from

Ref 1.

4.3.2 Electrochemical and electrical studies

Preliminary electrochemical studies were first carried out using electrodes fabricated
from powder samples of LiCoBOj;. The electrochemical performance of the as-prepared
LiCoBO3; ceramic powder was characterized by galvanostatic cycling from 2.0 - 4.5 V at a rate
of C/100 (Figure 4.8). Similar to the observations by Legagneur et al. *8, the first charge exhibits
a flat plateau (~5 mAh/g) that is promising in voltage, but corresponds to less than 2% of the
theoretical capacity and which shows tremendous polarization on discharge where the initial
electrochemical response begins at about 2.3 V. A slightly different response is observed for the
second charge cycle (plateau region at ~3 V and sloped region above 3.5 V), though the second

discharge is very much like the first. Although these features are not characteristic of robust
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reversible electrochemistry, the large particle size of this powder and the tremendous theoretical
specific energy density provide motivation for a more detailed investigation of samples with

smaller particles sizes.
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Figure 4.8. Electrochemical performance of micron-sized LiCoBO3; powder sample. The battery
was cycled between 2.0 and 4.5 V (vs. Li*/Li) at a rate of C/100. Figure is reproduced with

permission from Ref 1.

In contrast to the recent approaches adopted by other groups to prepare very fine powders

8 19 we have chosen to

of LiCoBO3/C nanocomposites for electrochemical characterization
instead prepare thin films by reactive magnetron sputter deposition to achieve greater control
over the LiCoBOj3 electrode thickness. In the present study, film loadings as low as 14 pg/cm?
have been prepared that correspond to vertical thicknesses as low as 15 nm (assuming a fully
dense sample), allowing access to much smaller diffusion lengths than in powder studies.

Although the net active material loading of sputtered films will be lower than that of cast films,

sputtered films have the great advantage of having all of the crystalline grains in very close
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proximity to the current collector, and should therefore in better electronic contact than films of

cast powders.

Representative cycling data measured for a 40 nm thick LiCoBOj film is shown in Figure
4.9. Similar weight normalized capacities and voltage profiles were also measured for a number
of additional samples with thicknesses varying from 15 nm to 2.2 pm thick (Figure 4.10). In all
cases, during the first charge step a plateau was observed around 4.0 — 4.2 V vs. Li*/Li. A
corresponding plateau was not observed in the discharge plateau, which instead exhibited a
highly sloped and nearly linear drop in voltage from 3.5 to 2.5 V. Subsequent cycles showed
lower capacities which further decreased with cycling. In all cases the weight normalized
capacities were around 1 — 2 mAh/g. This capacity is much lower than theoretically predicted
for LiCoBOj3. Given that this capacity is consistent found for all LiCoBO3; samples with various
thicknesses, the low capacity observed for bulk ceramic powders is likely intrinsic to LiCoBOs3,
and is perhaps capacitive in nature. For the thinnest films with the lowest net capacities, parasitic
reactions occurring on the current collectors and cell hardware become a significant component
in the observed electrochemical data. CV data measured for Pt coated Al in a typical coin cell
configuration (Figure 4.9, inset), shows a significant oxidation current upon charging over 3.7 V.
This suggests that the observed high voltage electrochemical response in the charge/discharge
data from films is likely dominated by reactions between the current collectors and the
electrolyte, a conclusion also supported by the anomalous behavior during the first charge cycle

see in both powder and thin film studies of LiCoBOs.
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Figure 4.9. Electrochemical data collected for LiCoBO3 film (40 nm nominal thickness) cycled
against Li during the first (black) and second (blue) cycle with a 5 pA current. Inset: Cyclic
voltammetry data collected for Pt films cycled against Li in the same electrolyte. Data was
collected and analyzed in collaboration with Dr. Gabriel Veith from Oak Ridge National Lab.

Figure is reproduced with permission from Ref 1.
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Figure 4.10. Electrochemical data collected for LiCoBO3 films of various thicknesses cycled

against Li during the first (black) and second (blue) cycle with a 5 WA current. Data was
collected and analyzed in collaboration with Dr. Gabriel Veith from Oak Ridge National Lab.

Figure is reproduced with permission from Ref 1.

In order to understand the origin of the apparent low capacity of the LiCoBO3 films,

Pt/LiCoBOg3/Pt thin films (600 — 1000 nm thick) were prepared and evaluated using impedance
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spectroscopy (Figure 4.11) after the standard annealing treatment at 600 <€ in inert gas. The
total conductivity for the LiCoBOj3 films obtained after normalizing for the sample area and
thickness was in all cases around 1 x 10> S/em. This conductivity value is approximately 7
orders of magnitude lower than LiFePO, % and as such can be the origin of the electrochemical

inertness of even the thinnest films (~15 nm).
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Figure 4.11. Impedance spectrum of a LiCoBOg thick film (~1 micron) collected at room
temperature. Data was collected and analyzed in collaboration with Dr. Robert Sacci from Oak

Ridge National Lab. Figure is reproduced with permission from Ref 1.

4.3.3 Optical studies

Direct feedback about the electronic states of transition metal compounds can be obtained
from their optical properties. One of the simplest probes is diffuse reflectance spectroscopy,
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which was used to study powders of both LiCoBO3; and reference LiFeBOs;. The relative
absorption coefficients of these two compounds in the ultraviolet and visible regime are shown in

Figure 4.12. It should be remembered that diffuse reflectance spectroscopy is most sensitive to
weakly absorbing features, and that the saturation of absorption at akwm ~ 10 is almost certainly

due to a saturation of the instrumental response rather than an actual feature associated with
these materials. A sharp onset of strong absorption characteristic of a direct excitation between
the filled oxygen 2p states and the unoccupied transition metal d-electron states exists in both
compounds, with a characteristic energy obtained by curve fitting of 3.21 eV for LiFeBO3 and
4.22 eV for LiCoBOs. This increase approximately corresponds to the expected ~1V increase in
redox potential on substituting Co** for Fe?*. At slightly lower energies, the absorption data can
be fit to the logarithmic scaling expected for an Urbach tail, generally associated with sample
inhomogeneity leading to a broadening of the main excitation. For both compounds, the
estimated gap energy obtained from the Urbach tail fits closely corresponds to the much more
precise results obtained from the direct gap fits, as is generally expected (Table 4.4). However,
the characteristic energy scale of Urbach broadening is extremely large (1.2 eV for Co; 2.2 eV
for Fe), about an order of magnitude broader than we normally observe for semiconductors with
closed shells. It is not known whether this extreme broadening is intrinsic (i.e., dynamical
scattering processes associated with spins on the transition metal site, IVCT transitions involving
neighboring transition metals **) or extrinsic (i.e., anti-site disorder between the Li and transition

metal, overlap of optical features) in nature.
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Table 4.4. Results of Optical Fitting. Table is reproduced with permission from Ref 1.

Direct fit Urbach fit
Eq(eV) |Eu(eV) |Eg(eV)| A
LiFeBO; 3.21 2.24 3.29 7.25
LiCoBO3 4.22 1.18 4.27 3.92
18 T T T T T
ul O LiFeBO, (Ey=3.21eV) i
2| @ LCoBO,(E,=4.22¢V)
: ol i
3 G E B W _
4= -
2 NG e —
01.5 20 2.5 3.0 35 4.0 4.5 5.0
Energy (eV)
— o LiFeBO, ' '
2 ® LiCoBO;
8 10 |
D o
8 1
3 13 E
| ! | ! | ! ]
1.5 20 2.5 3.0 35 4.0 4.5 5.0
Energy (eV)
o LiFeBO, ]
o 3000~ ¢ LiCoBO,
X 2000 .
g
E 1000 :
0 L L 1
15 20 25 30 35 40 45 50

Energy (eV)

Figure 4.12. Optical response of LiFeBO;3 (green) and LiCoBO3 (blue) measured in a diffuse
reflectance spectrometer, plotted as a relative absorption (via a Kubleka-Munk transform) on a
linear scale (top), on a logarithmic scale (center), or rescaled to vary linearly for direct optical

transitions (bottom). Fits to a direct transition (above Eg) and Urbach tail response (below Eg)
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are overlaid with dashed lines over their relevant energy ranges. Data was collected and analyzed
in collaboration with Mr. Huafeng Huang and Mr. Andrew Malingowski. Figure is reproduced

with permission from Ref 1.

The blue color of LiCoBOs is atypical, as most semiconductors are yellow, orange, red,
or black, depending on the magnitude of their band gap. Furthermore, this color cannot be
associated with the charge transfer gap of LiCoBOs, which occurs at ultraviolet energies (~4.2
eV) according to fits of the diffuse reflectance data. The word "cobalt™ is closely associated with
the color blue, and one of the key industrial blue pigments is the normal spinel CoAl;Qy, in
which the Co®* ion primarily occupies the tetrahedral site, though with a different symmetry and
crystal field splitting than the trigonal bipyramidal environment of LiCoBO3. The blue color of
LiCoBOjs originates from a discrete spectral feature in the visible regime that is centered at about
2.2 eV. It is expected that this feature is a d — d transition within the manifold of states
associated with the trigonal bipyramidal environment of Co*, an ion with a HS d’ configuration
(Figure 4.13), though there is very limited literature precedent for the spectroscopic analysis of
this rare coordination environment. Based on prior work on trigonal bipramidally coordinated

Co?* molecular species with nitrogen and other non-oxide ligands %2

, We can confidently assign
a“A,' ground state to LiCoBOs3. The assignment excited states for the optical transitions of Co**
in a CoNs molecular environment were previously reported to be: *A;" (0.37 eV — calculated),
*A, (0.44 eV — calculated), ‘E" (0.72 eV), “E (1.83 eV), *A, (2.05 eV), ‘E" (2.60 eV), with the
last two excitations beings associated with the higher energy “P free ion state rather than the

lowest energy “F free ion state, and with the first two excitations occurring below the energy

minimum (0.5 eV) of the experiment. Based on the energy level diagrams calculated for the
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CoNs complex and the knowledge that O is a weaker field ligand than N, we assign the 2.2 eV
excitation in LiCoBOj3 to overlapping A, and “E’ transitions as energies of these excitations

should increase and decrease, respectively, with decreasing ligand field strength.
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Figure 4.13. Optical response of LiFeBO3; (green) and LiCoBO;3; (blue) from 0.5 — 3.0 eV
obtained from biaxial reflection data, to which a Kubleka-Munk transform has been applied to
coarsely estimate relative absorbances. Data was analyzed in collaboration with Dr. Kevin

Kittilstved from University of Massachusetts. Figure is reproduced with permission from Ref 1.

Additional lower energy optical transitions for d’ trigonal bipyramidal Co2+ can be
observed in diffuse reflectance data (Figure 4.13) collected with a biaxial reflectometer that does
not utilize an integrating sphere. A lower energy transition at 1.2 eV can be clearly resolved (*E)

, while the high energy tail of an additional transition located slightly below 0.5 eV (*E’) can also
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be seen, and these states are assigned by analogy to the transitions observed at somewhat higher
energies for the CoNs ligand environment. A simple ligand field model using parameters
appropriate for an ideal D3, symmetry CoOs ligand environment (oxygen e, = 0.40, Racah B =
0.10, Racah C = 0.35) predicts excitation energies of 0.33 (*A; + “A;), 0.53 (‘E), 1.43 (*E),
2.16 (*Az), and 2.28 eV (*E), further validating the assignments and providing basic insights
into the bonding of Co*" in LiCoBOs. A more advanced analysis should utilize single crystal
polarized electronic spectroscopy, and should account for the fact that Co®* occupies a general
crystallographic site (8f Wykoff position) in the LiCoBOj3 structure and does not possess ideal
Dan symmetry. The optical response of d® Fe?* in LiFeBOjs in this same energy regime shows
absorption from other spin-allowed transitions, but these transitions overlap to a much greater
degree (resulting in the previously reported grey-brown color of this compound) and cannot be
directly assigned from the present data. It is expected that color produced by Co* ions in the
borate host structure can be effectively tuned by doping with divalent ions to form a solid
solution such as Li(Mg;.xCox)BO3 or Li(Zn;-xCox)BO3, which are anticipated to modify the
ligand binding strength as a consequence of lattice strain and/or ion electronegativity effects,
thereby changing the hue of the blue color. Based on the light blue color of 100 nm thick films
and the medium blue color of 1 micron thick films, the absorption coefficient of the 2.2 eV
feature in LiCoBOj3 that gives rise to the blue color is coarsely estimated to be nearly 10* cm™,
though attempts to more precisely fit the optical constants of films of this phase by spectral
ellipsometry were unsuccessful. This strength of optical absorption is consistent with the spin-

allowed nature of the transitions assigned to LiCoBOj3 in the present study.
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4.4 Conclusions

Methods have been developed for the preparation of LiCoBO3 in the form of both micron
powders and submicron thin polycrystalline films. Both types of samples have been found to be
electrochemically inert (even when films with a thickness of about 15 nm were used for
measurements) and suggest that modifications other than particle size reduction are needed
before viable performance metrics for a battery cathode can be achieved. No evidence for anti-
site disorder is found, and it is suggested that the inertness of this phase is associated with either
an excessively low conductivity (10™** S/cm) and/or with a loss of stability that occurs upon
oxidation. Optical transitions associated with the unusual blue color of this phase have been
assigned to specific d—d transitions associated with the rare trigonal bipyramidal environment of
high-spin d’ Co*" ions. The strong blue color and the good resistance of LiCoBO3 against
oxidation, and the previously reported methods for producing this phase in a nanoparticulate

form suggest that this phase may have more utility as a pigment than as a cathode.
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Chapter 5

Defect-tolerant Mg diffusion channels in ribbon-type borates: structure insights into

potential battery cathodes MgVBO, and MgyFe,.xB,05

5.1 Introduction

While Li-ion battery technology is currently dominant for mobile electronics
applications, the growing demand for inexpensive and safe energy storage for powering large-
scale devices such as electric vehicles and grid scale storage has motivated renewed efforts to use
multivalent ions such as Mg?* in recharge batteries. Mg-ion batteries are expected to have
advantages in safety and cost, benefits primarily derived from the usage of Mg metal anodes®.
There are still many practical challenges which must be overcome before Mg-ion systems are
suitable for practical applications, including the challenges of designing good electrolytes, the
exceedingly limited mobility of Mg®* ions in most solid state frameworks, and the lack of
cathodes with high specific capacities, which are required to achieve the energy densities needed
to displace competing technologies already existing for monovalent mobile ions?. It is therefore
particularly important to search for new Mg-ion cathode materials, though the few examples of

existing Mg-ion cathodes with any appreciable capacity provide little guidance in this search®>.

Borate based polyanion compounds are promising systems in which to search for novel
cathode for battery applications, since (1) oxoanion groups provide an inductive effect that can
enhance the operating voltage and thus improve the overall energy density, and (2) among the
common oxanion groups (e.g., phosphates, silicates, sulfates), the mass/charge (m/z) ratio of the
borate group is the lightest. There have been a number of recent studies demonstrating the
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potential of borate based compounds as high-capacity cathode materials for lithium-ion
batteries®®. These studies motivated the present investigation of magnesium metal borates for

their potential utility as cathode materials in Mg-ion battery applications.

There are a number of borate structures in which there are known examples of redox-
active transition metals coexisting with divalent Mg cations. For the present study, two very
similar “ribbon” frameworks which contain 4 parallel chains of edge sharing octahedra (Figure
5.1) were studied. The compound MgVBO, belongs to an orthoborate structural family (i.e.,
warwickite) having a general stoichiometry of M,BO4 (M = Mg, Sc, Ti and Fe) with isolated
BOs> polyanion groups connecting the ribbons **!. Most compounds of this type have two or
more cations distributed over the M sites. The one compound in this family which has a single M
cation is Fe,BO,4, which has superstructure peaks associated with an unusually strong charge
ordering that drives nearly complete separation into sites with valences of either Fe?* or Fe*
below room temperature, has an incommensurate structure at intermediate temperature, and loses

1213 The second

all evidence of charge order in the average structure at elevated temperatures
pyroborate framework has the general stoichiometry M,B,0s with the boron ions found in the
form of dimeric B,Os* polyanion blocks that stitch the ribbons together in a slightly different
manner. The compounds Mg,B,0s and Fe;B,0s both have the same geometric connectivity,
though Mg,B,0s can be synthesized in both a triclinic (suarite type, space group P-1, #2) 14, ©°
and monoclinic polymorph (space group P2:/c, #14) *°, while Fe,B,0s has only been observed in

the triclinic structural type . The monoclinic structure has twice the volume of the triclinic cell,

the change resulting from the doubling of the b-axis of the triclinic cell.
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Figure 5.1. Crystal structures of the M,BO, (left, space group Pnma) and M,B,Os (right, space
group P1) family of compounds, where M stands for transition metal. Dashed rectangles indicate
the 4-column ribbons of edge-sharing octahedra in which the Mg** and M cations reside. These
ribbons have two distinct crystallographic sites denoted as Ma (blue octahedra) and Mg (brown
octahedra). The B*" cations are found at the center of either isolated BOs> groups in the

MgMBO, orthoborates, or in dimeric B,Os" groups in the MgMB,Os pyroborates.

In both the orthoborate and pyroborate structures, there are two crystallographic sites for
the M cations, indicating two distinct environments for the M cations which have different free
energies. This has two important implications. First, when two different M cations are used in the
structure, there is a possibility of partial or complete ordering over these two distinct sites.
Second, the local environment is quite different for both sites and it is therefore expected that the

mobility of a given ion may strongly depend on the specific site in which it is found. The outer
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two chains of terminal octahedra in the ribbbons are both associated with one crystallographic
site, denoted Ma, while the central two chains of octahedra in each ribbon are associated with a
second site, denoted Mg. In the pyroborate M,B,0s compounds, the quadruple-chain ribbons are
isolated from each other and are arranged parallel to each other with no shared oxygens. In
contrast, the ribbons in the orthoborate M,BO, compounds occur in a nearly perpendicular
arrangement, with the each terminal MaOg octahedron corner-sharing an oxygen with three
central MgOg octahedra in a neighboring ribbon. This shared oxygen site is the only oxygen site
which is not part of a BO3 triangle, and presumably its higher number of neighboring octahedra
(four in total) relative to the other oxygen sites is required to satisfy the bonding and valence

requirements of this shared site in the absence of bonding contributions from borate groups.

Based on a structural analysis, it is expected that these compounds may be useful for
battery applications. It is known that edge-sharing chains of MOg octahedra can give rise to
metallic conduction, and the chains in these compounds may facilitate sufficient electronic
conductivity for electrochemical cycling to be possible. The ability of these borate frameworks to
support ionic conduction is as-yet unknown, and it is a goal of the present work to obtain a better
understanding of potential ionic diffusion processes in these frameworks. While the focus here
is on Mg®* ions, it is also expected that Li* ions can be hosted by these structural frameworks.
The ability of the ribbon frameworks to support electronic and ionic conduction will certainly
depend on the structural distribution of cations over the inequivalent Ma and Mg sites at the
edges and centers of the chains, and it is important to quantify the relative proportion of mobile
and redox-active cations over these two types of sites. The present work investigates the

structures of MgVVO, and the MgxFe,«B,Os solid solution, two sets of compounds which contain
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Mg®* as potentially the mobile ion, and V** or Fe?* as the redox-active ion which will be

oxidized during Mg removal.

Based on general crystal chemical principles, the presence of disorder at Ma and Mg sites
is expected to be most likely when cations are similar in both valence and size. It is therefore
expected that Mg (0.72 A) is more likely to be disordered when mixed with Fe?* (0.78 A) than
with V** (0.64 A). Disorder has been previously observed for structural analogues of both
MgVO, (MgTiBOs, MgScBOs) and MgyFesxB,0s (MgyMn,xB,0s) %819 While the
orthorhombic lattice parameters of the orthoborate MgVO, have previously been determined for
samples prepared either through conventional solid state synthesis®® or by electrolysis?, there
have been no structural studies of the atomic site positions and occupancies in this structure. The
triclinic pyroborates Mg,B,0s and Fe;B,0s5 have been previously synthesized and characterized
before, including both X-ray powder diffraction and single crystal diffraction studies® " 222,
However, the battery-relevant solid solution compositions of MgxFe,.«B,Os have not previously

been prepared, although closely related MgxMn,..B,Os compounds have been previously

synthesized *°.

Bond valence sum (BVS) maps were calculated for some control compounds (FePOy,
MgMnSiO, and MogSg) as well as using our refined structural data for orthoborate MgVBO, and
pyroborate MgxFe,xB,Os to investigate the diffusion pathways in these compounds. The bond
valence sum (BVS) difference map approach calculates the valence of the target ion at each point
in a user-defined three dimensional grid according to a set of empirically parameterized “soft”
bond valence parameters, and calculates the absolute value of the difference |AV| between the
ideal and calculated valence in order to investigate the positions within a structure that the

potentially mobile ion might be able to thermally access ", In this approach, the valence is
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calculated from the distance between the cation and nearby anion sites, with the valence
contribution from each bond (in valence units, v.u.) increases exponentially with decreasing
cation-anion distance. This method has been successfully applied to a broad spectrum of battery
materials to provide specific insights into likely ion diffusion pathways and coarse estimates of
their activation barriers. The size of the threshold value of |[AV| that is needed to establish a
percolation pathway provides a criterion for judging whether the barrier for diffusion is expected
to be small, modest, or large. While the BVS difference map method has been commonly applied

to study Li-ion diffusion, it has not previously been applied to Mg-ion systems.

In this work, we have synthesized polycrystalline samples of MgVBO, (theoretical
capacity of 360 mAh/g) and MgxFe,.xB,Os (the highest theoretical capacity of 186 mAh/g based
on Fe**/Fe?* redox couple, and 295 mAh/g based on Fe**/Fe?* redox couple) and characterized
them through the combined Rietveld refinement of synchrotron X-ray and time-of-flight neutron
diffraction. This has enabled the preliminary assessment of potential Mg®" diffusion pathways
through the calculation of bond valence sum maps. The removal of Mg?* from these compounds
has been attempted both by room temperature chemical methods and by high temperature solid
state methods, enabling structural studies of demagnesiated ribbon compounds. Based on these
results, some general conclusions can be made about the factors influencing the mobility of Mg®*

ions within these frameworks.

5.2 Experimental

Synthesis: MgV''BO, powders (typically ~6 g batches) were prepared using starting

materials of magnesium acetate tetrahydrate (MgAc, 4H,0, Spectrum, A. C. S. reagent), V,0s
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(Alfa Aesar, 99.6 % min) and ''B,0; (ISOTEC, 99 atom % B). Since structural
characterization by neutron diffraction was a goal, samples were prepared using *'B instead of
natural boron (*°B is an extremely strong neutron absorber). These starting materials were mixed
with a ratio of 2 : 1 : 1.10 to avoid boron deficiencies in the final product. This ratio was initially
optimized for the synthesis of Mg,''B,Os under similar reaction conditions, and the need for
excess boron is likely associated with the strong hydrophilic nature of B,O3; and/or boron
volatility during the high-temperature synthesis. The precursor powders were ball milled in a
zirconia ball mill jar for 100 minutes with a SPEX SamplePrep8000 Mixer/Mill high energy ball
mill. The resulting powder was placed into a graphite crucible and loaded into a tube furnace
which was purged with the 5% H,/95% N, (“forming gas”) for approximately 30 minutes. The
sample was then reacted at 1200 <C for 10 hours under flowing forming gas (~30 mL/min).
Enriched MgyFe,.'B,0s (x = 2/3 and 4/3) samples were synthesized in an equivalent manner
using MgAc, 4H,0 (Spectrum, ACS grade reagent), FeC,04 2H,0 (Alfa Aesar, 99%) and
B,0; (ISOTEC, 99 atom % 'B) as starting materials, but with a lower final reaction
temperature of 950 <C. The product of the synthesis was very sensitive to the temperature and
gas flow rate as higher temperatures and gas flow rates could drive the reduction of Fe?* to Fe

metal.

Diffraction: Laboratory X-ray diffraction for phase identification was carried out inain a
flat plate Bragg-Brentano geometry using a Bruker D8 Advance detector (217.5 mm radius) with
a Cu K source and a 192-channel LynxEye detector with coarse energy sensitivity (~25%) that
was used with lower level (0.19 V) and window (0.06 V) settings to minimize sample
fluorescence for Fe-containing samples. Synchrotron X-ray diffraction data were collected at the

11-BM beamline (A = ~0.41A) of the Advance Photon Source (APS) at Argonne National
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Laboratory with samples loaded in 0.5 mm diameter Kapton capillaries. Time-of-flight neutron
diffraction data were collected at the POWGEN beamline of Spallation Neutron Source (SNS) at
Oak Ridge National Laboratory (ORNL). Different aliquots of the same ground powder sample
were used for the equivalent X-ray and neutron experiments, as is ideal for data used for co-
refinements. The central wavelength for the time-of-flight neutrons was chosen to be 1.066 A,
with a wavelength range of 0.533 Ato 1.599 A and a minimum d-spacing of ~0.28 A. Data were
collected on samples packed in 6 mm vanadium cans. Rietveld refinement of diffraction data was
done using the TOPAS v4.2 software package. In the combined refinement utilizing both neutron
and X-ray diffraction data, the weighting scheme was adjusted so that X-ray and neutron data
contributed equally to the weighted R value (Rup) Of the refinement. Although a geometrically
correct absorption correction cannot presently be applied to the POWGEN data since a large
number of different detector positions are utilized, an empirical implementation of the standard
cylindrical wavelength-dependent absorption correction was utilized that could approximately
determine the linear absorption coefficient (ji) based on calibration against a data set of La''Bg

on the same instrument.

5.3 Results and discussion
5.3.1 MgVBO,

The element vanadium is well-suited for cathodes due to both the high voltage it typically
generates, and the multiple oxidation states (i.e., 3+, 4+ and 5+) it can access in certain structures
24-25

. One large advantage of the use of divalent Mg?* is that the number of mobile ions which

need to be removed from the structure is halved relative to Li analogues, and enhanced specific
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capacities associated with accessing multiple valence states of vanadium can be accessed even in
compounds with equimolar amounts of mobile and redox-active cations. Thus the theoretical
capacity of MgVBO, is 360 mAh/g. The complete removal of Mg from MgVBO, will result in
the oxidation state of V being increased from 3+ to 5+, though it is well known that the
demagnesiation of structures is very difficult due to the poor mobility of Mg®*, and it is therefore
be expected that it would be difficult to electrochemically drive the formation of VBO, from
MgVBO, cathodes at room temperature. The nature of the distribution of Mg and V over the
two cation sites in the orthorhombic M;BO, structure type can greatly impact the mobility of
Mg**, and samples of MgVBO, were therefore prepared to elucidate its structure through powder
diffraction studies. Theoretical methods (such as DFT or bond valence sum maps) can be used

to estimate the Mg?* diffusion path and the associated barriers.

The structure of MgVBO, was determined through the combined Rietveld refinement of
synchrotron X-ray and time-of-flight neutron diffraction data using polycrystalline samples
prepared at 1200 <C. Although time-of-flight neutron diffraction is by itself often sufficient to
obtain accurate structural information, the scattering from V is almost completely incoherent,
making V essentially impossible to be resolved by neutron diffraction experiments and
necessitating the more complex combined Rietveld refinement with X-ray diffraction data.
Isotopic *'B enriched MgV*'BO, was investigated in lieu of a sample with naturally abundant
boron to avoid the severe neutron absorption of *°B and the problems associated with this (for
brevity, we will omit the isotopic identifier for our MgV**BO,4 samples in the subsequent text).
The diffraction patterns of as-prepared MgVBO, was successfully indexed based on the

20-21

orthorhombic space group (Pnma, #62) previously suggested for this phase” ", with cell

dimensions of a = 9.25129(4) A, b = 3.10322(1) A and ¢ = 9.36991(4) A obtained through

167



Rietveld refinement (Fig. 5.2). High quality diffraction data were obtained using both X-rays
(satisfactory counting statistics to ~0.5 A) and neutrons (~0.4 A), allowing structural parameters
for the atoms in MgVBO, to be accurately determined, as reported in Table 5.1. Noting that the
use of two different types of radiation does permit the simultaneous refinement of three different
species (Mg”*, V**, and vacancies) on the outer Ma and inner Mg cation sites, no evidence was
found for cation vacancies. When the Ma and Mg sites were constrained to be fully occupied, the
refined stoichiometry of the sample is Mg1.01V0.99BO4, which does not significantly differ from
target composition of "MgVBO,". Therefore, the final refinement was carried out with the cation
sites constrained to be fully occupied at the ideal stoichiometry. The outer My site had a Mg?*
occupancy of 80% while the inner Mg site had a V** occupancy of 80%, indicating the site
preferences of these cations. The same distribution of Mg/V was obtained by either allowing the
thermal parameters of Maand Mg sites to be freely refined, or constraining them to be same (the
latter test resulted in a slightly increased Rup). While this data clearly indicates that Mg/V site
disorder can be stabilized in a well-crystallized phase, it is not known if alternative thermal
treatments (longer heating, different annealing temperatures, and/or rapid quenching) can be
applied to eliminate this disorder. Additional future experiments will be required to explore this
question. The presence of site disorder is expected to be detrimental to both the electronic and
ionic conductivity of this compound, of which the poor ionic conductivity is also supported by

the bond valence sum map analysis, as will be discussed later.
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Figure 5.2. Combined Rietveld refinement of a single sample of MgV*BO, using
monochromatic synchrotron (top, A = 0.41 A) and polychromatic time-of-flight neutron data.
The modeled intensities (red line), difference pattern (gray line), and predicted reflection

positions (green ticks) are superimposed on the data points (blue circles).
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Table 5.1. Atomic coordinates and thermal parameters of MgVBO, (Pnma, #62)

Atom  Wyck. x/a y/b zlc Occ. Biso (A9
Ma 4c 0.10289(5) 025  0.69044(5) Mg=07912)  1.35(5)
V =0.209(2)
Mg 4c 0.11716(4) 0.25 0.06704(4) Mg=02092)  0.50(1)
V =0.791(2)
B 4c 0.1668(1) 0.25 0.3735(1) 1 0.60(1)
o1 4c 0.0205(1) 0.25 0.3673(1) 1 0.46(1)
02 4c 0.5098(1) 0.25 0.6158(1) 1 0.56(2)
03 4c 0.2383(1) 0.25 0.5058(1) 1 0.49(1)
04 4c 0.2473(1) 0.25 0.2476(1) 1 0.44(1)
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When the possibility of Mg removal from MgVBO, was tested through both chemical
and thermal means, no evidence for demagnesiation was found in X-ray diffraction and in TGA
data (Figure 5.3). The room temperature chemical oxidation of MgVBO, was performed by
immersing powders into a saturated aqueous K;S,0g solution (~0.2 M). Thermal oxidation was
carried out both under flowing oxygen gas (TGA) and in ambient air in a box furnace (ex situ
XRD data). The persulfate solution has the advantage of a stronger electrochemical driving force
for the demagnesiation reaction (about 5 V vs. Li*/Li ?°), while thermal oxidation has a very
substantial Kkinetic advantage due to the elevated temperature. The fact that none of these
methods produces demagnesiated MgVBO, suggests that the present disordered MgVBO,
sample is not suitable for electrochemical storage applications, even in devices which utilize
solid state electrolytes and can be run at elevated temperatures. These results do not rule out the
possibility of observing electrochemical activity for ordered MgVBO,, which is expected to have

greatly enhanced electronic and ionic conductivity relative to the present disordered sample.
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Figure 5.3. XRD patterns (Cu K,) of pristine MgVBQ,, and those after soaking in K;S,0s/H,0

solution or heating at various temperatures under air are shown in (a). We did not observe any
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diffraction pattern change corresponding to the MgVBO, phase after soaking the sample in
K2S,0g/H,0 solution for 1 day at room temperature. The additional peak at ~27 <C in 20 can be
assigned to residual K;S;0g. The diffraction patterns above 500 < show additional peaks
suggesting MgVBO, decomposition (MgV,0g and Mg,V,0; with both having V°*). This XRD

result is in excellent agreement with our TGA results shown in (b).

Although neither Mg,B,0s nor Fe;B,0s have the combination of mobile cations and
redox active cations needed for battery functionality, these compounds share the same structure

1>17 and a solid solution of these two end members might be expected to form and to be

type
suitable for electrochemical storage applications. Both a Fe-rich sample (Mgz/3Fe43B20s, X =
2/3) and a Mg-rich sample (MgusFe»3B20s, X = 4/3) were prepared in the B enriched form to
evaluate the possibility of Mg-removal from this structure type (where *'B is used to avoid the
neutron absorption issue). The Fe-rich compound has a better possibility of achieving a Fe-
percolating network within the ribbons that supports good electronic conductivity while the Mg-
rich compound has a better possibility of a percolating network for ionic conductivity. The Fe-
rich compound Mgz3Feq3B,0s has the highest theoretical capacity for one-electron Fe redox

chemistry (186 mAh/g), with a hypothetical end product of Fe43B,0s after full oxidation of Fe?*

to Fe**, and is therefore the focus of the current study.

Both the x = 2/3 and x = 4/3 phases could be prepared by solid state reaction, as
evaluated from their synchrotron X-ray diffraction patterns (Figure 5.4). The introduction of Fe

into the x = 2 end member of Mg,B,0s clearly changed the intensity of the observed X-ray
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diffraction peaks, but did not alter the triclinic crystal system of Mg,B,0s.

The x = 0 end

member of Fe;B,0s powder is more difficult to produce due to the need to control the Fe

valence, and this compound was not prepared and evaluated in the course of this work. However,

the lattice parameters of Fe,B,0s from prior report were included in the current analysis . As

shown in Figure 3b, the unit cell volume of MgyFe,«B,Os decreases with increasing Mg content,

as expected for the smaller ionic radius of Mg?* (0.72 A) relative to Fe** (0.78 A), and this

change is nearly linear in accord with Vegard’s law.
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Figure 5.4. (a) Diffraction patterns of MgysFes3sB.0s (red), MgasFezsB.0s (green) and

Mg,B,0s (blue) (A ~ 0.41 A) (b) Dependence of unit cell volume on cation fraction of Mg,

defined as [Mg] / ([Mg] + [Fe]). The volume data for Fe,B,05 was obtained from ref 17.
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The structures of MgysFessB20s and MgasFezsB20s were further investigated through
the Rietveld refinement of time-of-flight neutron diffraction, which provides good sensitivity for
all elements contained in these compounds (coherent scattering lengths in fm are Mg, 5.38; Fe,
9.45; 1B, 5.30; O, 5.80) and which benefits from probing the more localized nucleus rather than
the more delocalized electron cloud that X-rays are primarily sensitive to. It was found that the
P1 structure previously determined for the end members of Mg,B,0s and Fe,B,0s was effective
for describing both the x = 2/3 and the x = 4/3 phases. The refinement and structural parameters
obtained for these phases are given in Tables 5.2-5. Compared to the Mg/V distribution in
MgVBO, where a majority of Mg occupies the Ma site in the 4-column ribbon framework, Mg?**
is found to be nearly randomly distributed between the Ma and Mg crystallographic sites in
Mgz3Fes3B20s (0.37/0.30 vs. 0.33/0.33 for random mixing) and Mga/sFe2sB20s (0.72/0.61 vs.
0.67/0.67 for random mixing) when the site occupancies and displacement parameters are both
freely refined. Since these two sites are crystallographically inequivalent, it is
thermodynamically impossible for a truly random distribution to be the lowest free energy state.
However, the actual site occupancies will be indistinguishable from a fully random distribution if
the relative energies of ordered and disordered states are small relative to kT at the synthesis
temperature (950 T = 105 meV). The best R-value was obtained when the refinement is
constrained to have partially disordered cations, which is significantly lower than that obtained
when an ordered distribution of Mg and Fe is assumed (Rwp Of 5.326 vs. 5.718). However, a
complete random mixing of Mg and Fe only resulted in a marginally increase of Ry, from 5.326
to 5.330, as opposed to the partially disordered model. Therefore, we concluded that the Fe and

Mg are randomly mixed in the MgxFe,xB2Os phases.
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Figure 5.5. Rietveld refinement of Mgy/3Fe43B20s (bottom), Mga/sFe23B20s5 (top) based on TOF

neutron diffraction data.
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Table 5.2. Crystallographic data for Mg,3Fe43B.0s based on time-of-flight (TOF) neutron

diffraction
Radiation TOF neutron (POWGEN, SNS)
Crystal system Triclinic
Space group P1 (#2)
Lattice parameters a=3.2030(6) A, b=6.165(1) A, c=

9.332(2) A, o= 104.563 (3)° B=
90.858(2)°, y=91.767(2)°

Cell volume 178.24(5) A

Density (calculated) 3.6029 g/cm?

) 0.533 A-1.599 A
Rup 5.326%

R, 6.121%

r 3.961
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Table 5.3. Atomic coordinates and thermal parameters for Mgy/sFes3B20s

Atom  Wyck. x/a y/b zlc Occ. Biso (A9
Ma i 0.73578(98)  0.21075(49) 0.36063(32) Mg=0332)  1.32(8)
Fe=0.67(2)
Mg 2i 0.23470(97) 0.36714(48) 0.10089(33) Mg=0.33(2) 1.34(6)
Fe=0.67 (2)
B1 2i 0.34108(75)  0.87608(28) 0.17230(19) 1 0.50(6)
B2 i 0.30524(83)  0.31795(27) 0.64720(19) 1 0.66(7)
o1 i 0.2273(11) 0.09037(33) 0.18203(38) 1 0.91(5)
02 i 0.2641(13) 0.69526(42) 0.05473(28) 1 0.94(6)
03 2i 0.44269(84)  0.14383(33) 0.70234(21) 1 0.87(5)
04 2i 0.2414(13) 0.27643(61) 0.49812(22) 1 1.04(6)
05 i 0.7422(12) 0.47473(37) 0.25935(37) 1 0.73(5)
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Table 5.4. Crystallographic data for MgsFe23B20s based on time-of-flight (TOF) neutron

diffraction

Radiation
Crystal system
Space group

Lattice parameters

Cell volume

Density (calculated)

TOF neutron (POWGEN, SNS)
Triclinic
P1 (#2)

a= 3.1590(5) A, b= 6.159(1) A,
c=9.271(1) A, a= 104.504(3)<
B=90.716(3)°, y=91.887(2)°

174.52(5) A?
3.30654 g/cm®
0.533-1.599 A
5.577%
6.663%

3.578
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Table 5.5. Atomic coordinates and thermal parameters for MgasFez3B20s

Atom  Wyck. x/a y/b zlc Occ. Biso (A9
Ma 2i 0.7300(12) 0.21133(58) 0.35881(35) Mg=067(2)  2.6(2)
Fe =0.33(2)
Ms 2i 0.2331(11) 0.36866(60) 0.10205(40) Mg=067(2)  2.9(3)
Fe=0.33(2)
B1 i 0.33785(76)  0.87689(28) 0.17121(19) 1 0.61(4)
B2 2i 0.30312(87)  0.31534(27) 0.64633(19) 1 0.80(5)
01 2i 0.2246(13) 0.09221(33) 0.18081(44) 1 0.92(5)
02 i 0.2606(13) 0.69340(51) 0.05436(33) 1 0.75(6)
03 i 0.43698(82)  0.14137(33) 0.70343(21) 1 0.77(5)
04 2i 0.2383(14) 0.27171(65) 0.49577(22) 1 1.17(6)
05 i 0.7440(13) 0.47735(37) 0.25971(40) 1 0.81(6)

The demagnesiation of the x = 2/3 and x = 4/3 samples were attempted by both chemical
and thermal treatments. While there was no evidence from color changes or from the lattice
parameters determined from X-ray diffraction suggests that aqueous persulfate ions were able to
drive the removal of Mg from either structure at room temperature, the thermal oxidation of
these samples induced substantial changes that suggested Mg removal is likely occurring.

Preliminary analysis on a sample of intermediate composition (x = 1) by TGA and ex situ
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laboratory diffraction suggested that oxidation could occur without decomposition of the lattice
over an approximate temperature range of 200 — 500 <C (Fig. 5.6). More detailed structural
studies were therefore carried out on the x = 2/3 and x = 4/3 samples heated at either 250 <C or

400 <C for 24 hours.
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Figure 5.6. (a) X-ray diffraction patterns of "MgFeB,Os that are heated at different

temperatures in air for one day (from 200 <C to 700 <C). (b) Volumes obtained by Le Bail
"MgFeB,0s (c)

refinement for samples that are heated at different temperatures.

Thermogravimetric curve of "MgFeB,0s heated at 0.2 < min™ in dry Os.

Ex situ synchrotron X-ray diffraction collected on powder samples of MgysFes3B20s
heated at 250 <C and 400 <C show both clear shifts in peak positions (indicative of changing
lattice parameters) and also large changes in diffraction peak intensities (which suggest
substantial changes in site occupancies), as shown in Figure 5.7. These synchrotron X-ray
diffraction patterns are free of peaks from the Fe,O3; impurity phase that was found to be the
eventual decomposition produce at higher temperatures in our preliminary studies, suggesting

that the framework of Mg,sFes3B.0s is preserved during oxidation and can thus support the
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partial removal of Mg?®* ions. The refined lattice parameters indicate that the volume decreases
by 2.1% and 2.6% for samples treated at 250 <C and 400 <C, respectively. This decreased
volume is expected as oxidation will result in both the removal of Mg®* ions and in the oxidation
of Fe** to Fe**, two changes which should both promote a reduction in unit cell volume.
Additionally, it was observed that there was noticeable peak asymmetry in the 250 <C data, but
not in the 400 <C data. The asymmetry is attributed to the skewed distribution of lattice
parameters that results from the diffusion-limited inhomogeneous removal of Mg®* ions at the
lower temperature, and which is absent in the 400 <C sample, a temperature at which these ions
have a greatly enhanced mobility. Similar behavior in all aspects of diffraction was also observed

for Mga4sFe3B20s samples (Figure 5.8).
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Figure 5.7. Comparison of synchrotron X-ray diffraction pattern (A ~ 0.41 A) for pristine

Mg2sFes3B20s with those obtained after heating for 24 hours at 250 <C and 400 <C.
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Figure 5.8. Diffraction patterns of the pristine MgsssFe»3B20s, and samples were treated at
250 <C and 400 <C. The data were collected at 11BM beamline of APS with a wavelength of
0.41 A A systematic peak shift toward higher angles is observed, suggesting a volume

contraction of Mga/sFez3B20s after heating under air.

Time-of-flight neutron diffraction data was therefore also collected for thermally
oxidized samples of the x = 2/3 phase in order to allow the Mg content on the M and Mg sites of
MgasFessB20s to be explicitly quantified in Rietveld refinements using identical samples to
those studied by synchrotron diffraction. When the structural models obtained for different
temperatures were compared, we observed a B as well as Mg loss from room temperature to 250
<C, and a further Mg loss when the sample was heated at 400 <C (Tables 5.6-9). The loss of
Mg?* ions should also induce a change in the bond distances of the octahedral sites. While it is

quite challenging to effectively obtain site occupancies when three species are mixed on a single
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site (Mg, Fe, and vacancies), the bond distances obtained by Rietveld refinement should be
insensitive to the nature of the central cation and thus provide an independent mechanism of
following the changes in the crystal structure that occur on heating. When the 400 <C sample is
compared with the pristine sample, the average bond distance for the My site is reduced from
2.134 to 2.089 A, while the Mg site changes from 2.149 to 2.128 A. The substantially larger
reduction of bond distances on the Ma site suggests that the oxidation of Fe** to Fe** occurs
primarily on this site, and that the induced changes in oxygen positions are larger than those

driven by the removal of Mg®" ions from the Mg site.
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Figure 5.9. Rietveld refinement of TOF neutron diffraction data for the Mg,/3Fe43B20s samples

that were treated at 250 <C (bottom) and 400 <C (top) for 1 day.

5.3.3 Insights into Mg?* diffusion: bond valence sum map analysis

FePO,, the delithiated form of olivine LiFePQy, has been recently proposed as a cathode

material for Mg-ion battery applications based on the relatively high voltage calculated for this

system in DFT calculations %. However, no estimate of the kinetic barriers to Mg-ion diffusion

was made as a part of that work. The BVS difference map calculated for this compound (Figure
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5.10a) forms a percolating network with a very low threshold (|AV| < 0.1 v.u.), suggesting that
there are no structural barriers to diffusion within this framework, with the same diffusion
pathway topology (1D diffusion path along b-axis) predicted for both Mg?* and Li**°. This
compound should be therefore considered as a promising candidate battery cathode in which

Mg-ion diffusion might be observed at or near room temperature.

(a) FePO,4(0.1v.u.) (b) MgMnSiO, (0.3 v.u.) (c)MosS, (1.7 v.u.)

Figure 5.10. Bond valence sum difference maps (and |AV| thresholds used in their construction)
for FePO, (0.1 v.u.), MgMnSiO,4 (0.3 v.u.), and MogSg (1.7 v.u.). These maps were calculated for
Mg** using the conventional bond valence parameters previously determined for O% (FePOs,,

MgMnSiO,) or S% (M0ogS).

A second olivine-type compound of MgMnSiO,4 was also investigated. In contrast to the
almost perfect ordering of Li and Fe between the two available octahedral sites in the olivine
structural framework, Mg and Mn are partially disordered resulting in a 73/27 distribution of
cations with the Mn ions preferentially occupying the site analogous to that of Li in LiFePO, ..

Based on the BVS map (Fig. 5.10b), it is expected that Mg?* diffusion occurs through a pathway
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that connects both the primary and minority octahedral sites in which Mg can be found. The
threshold |AV/| barrier for establishing a Mg?®* percolation pathway is 0.3 v.u.. Since the topology
of the minimal percolation network requires access to both types of octahedral sites, this pathway
is expected to be effectively blocked by the immobile Mn cations in both the majority and
minority sites, making it likely that the actual barrier to diffusion is much higher than that

suggested by the percolation threshold of 0.3 v.u.

The Chrevrel phase Mo3S, is perhaps the only effective cathode material for Mg-ion
battery applications that has been demonstrated to date 2. Despite the experimentally observed
mobility of Mg®* ions at room temperature, the BVS method does not predict that this framework
will support Mg-ion diffusion as the percolation threshold is |AV| > 1.7 v.u. (Fig. 5.10c). This
Chevrel phase structure differs from that of most solid state compounds in that it consists of
MogSg clusters with many strong internal covalent bonds, but there is no clear S-S covalent bond
connecting neighboring clusters (the shortest S-S bond length is ~3.3 A). This suggests that the
Chevrel framework can be much more readily distorted than the hard oxide or oxoanion
framework of conventional Li-ion battery systems, and that the static structural snapshot used for
BVS calculations is inadequate for making accurate predictions if large dynamic structural
changes occur in response to the intercalation and de-intercalation of ions. Given the lack of
success in discovering rigid oxide frameworks which permit Mg?* ion mobility at room
temperature, it is perhaps appropriate to devote additional efforts to identifying and evaluating

structures with “soft” modes for their suitability for Mg-ion electrodes.

The potential for the frameworks of MgysFessB20s and MgVBO, to support Mg-ion
diffusion can be evaluated in the context of these baseline investigations. The MgVBO, map

calculated for MVB does not reach the percolation limit until a threshold of about 1.2 v.u.,
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indicating that Mg?* ions are essentially immobile within this structure (Fig. 5.11). Furthermore,
the BVS-predicted pathway for hopping from one octahedral site to another involves crossing
directly in between two borate group triangles, and will result in Mg?* ions to pass two B atoms
that are only 3.1 A apart (Fig. 5.11b). Since electrostatic repulsions are not included in BVS
calculations, the true barrier for Mg-ion diffusion will be much larger than that estimated using
the BVS method. As a result, it can be concluded that Mg ions will be fully immobilized both
at room temperature and at elevated temperatures. Given the unfavorable diffusion network
topology of MgVBO,, it is improbable that the diffusion of Mg®* can be enabled by chemical
substitution, and this general structure type should not be investigated further for applications

requiring Mg?* diffusion (intercalation-type batteries, solid state electrolytes, etc.).

MgVBO, (1.2 v.u.) T

Figure 5.11. Bond valence sum difference maps (and |AV| threshold used in the construction) for
MgVBO, (1.2 v.u.). As shown in (b), the only interstitial space that might be accessible by Mg

is sandwiched between two B atoms of the borate group.
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While the orthoborate framework of MgVBO, greatly inhibits Mg-ion diffusion, the
analogous ribbon structure of pyroborate Mg3FessB20s has a nearly ideal topology that results
in a defect-tolerant pathway for Mg-ion diffusion enabled by the different geometric pattern in
which the quadruple octahedral ribbons are arranged. As seen in Fig. 5.12, there are two types of
interstitial defect sites (Ia and lg) which are predicted to readily accommodate Mg?* ions that
have hopped out of their original octahedral site. Each defect site can be readily accessed from
just two octahedral cation sites which are both of the same type (Ma or Mg), and these two defect
sites are therefore labeled as I, and Ig. The I interstitial sites linking pairs of M, cations have a
strongly skewed rectangular arrangement of oxygen anions at their corners, while the Ig
interstitial sites linking pairs of Mg cations form a more regular rectangular environment that is
expected to be more accessible to Mg?* ions based on geometric considerations. Indeed, the more
open nature of Ig sites allows them to be connected into a one-dimensional (1D) channel
permitting Mg-ion diffusion parallel to the ribbons (a-axis direction) at a much lower valence

threshold (0.2 v.u.) than the 14 sites (0.5 v.u.).
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“Parking lot” diffusion

Fe | Fe Mg [Fe Fe |[Mg | Fe

Mg |Fe [Mg|Mg|Fe |Fe |Fe

Figure 5.12. Bond valence sum difference maps (and |AV| threshold used in the construction) for
MgasFes3B20s (0.2 v.u.). As shown in (a), when the BVS map was viewed along the a direction,
no percolation diffusion path is observed within the bc plane. In the unit cell of Mg3Fes4B20s,
as highlighted by the black dotted lines in (a), three types of interstitial defect sites are present
(Ia, I'a and Ig). Only Ia and Ig sites are accessible by Mg ions that are on the Ma and Mg
octahedral sites. As shown in (b) and (c), only Ig sites which connect the Mg crystallographic site
form a 1D percolation channel. The Mg?* conduction pathways are tolerant to disorder as
illustrated in (d). By making analogy to a parking lot, Mg?* ions are parked in octahedral sites
until thermally excited into the interstitial sites in the aisles of the parking lot. The ions can then
travel freely through the interstitial sites in the aisles, and are therefore unaffected by the Mg/Fe

disorder on the octahedral sites.
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When viewed from the side, it can be seen that these 1D channels are completely tolerant
to the presence of defects on the octahedral sites (Fig. 5.12c). These channels form aisles like
those in a parking lot, in which Mg?* ions are typically “parked” in octahedral sites (Fig. 5.12d).
However, once the Mg?* ions pull out of their parking spot, they can move continuously through
these aisles without having to enter another octahedral site. Therefore, the presence of Fe** or
Fe** ions in the other parking spots will not inhibit the facile diffusion of Mg ions through the
aisles. Of course, if the Fe ions do leave their parking spot and enter the aisle, they do have the
ability to impact the diffusivity of Mg ions in these channels, though it is expected to be
relatively easy for Fe ions in the aisle to re-enter a parking spot. While the presence of site
disorder is known to have a strongly deleterious effect on the conductivity of mobile ions in
olivine battery cathodes such as LiFePO,, the mobility of Mg?* ions in the pyroborate structure
of MgxFe,«xB,0s5 should be negligibly affected by Mg/Fe disorder on the octahedral cation sites.
This should be a general characteristic of structures whose primary diffusion pathway is through

interstitial sites.

It should be noted that the achievable capacity of MgyFe,.xB,0s cathodes will be affected
by the proportion of Mg ions on the Ma and Mg sites. The structural refinements of
demagnesiated Mg,/3Feq3B.0s samples prepared by thermal oxidation at 250 and 400 <C
indicate that Mg ions are removed from the Mg site and not the My site. This general conclusion
is robust (large amounts of Mg are removed from the Mg site), although the general limitations
of working with powder diffraction data and the specific uncertainty associated with the fraction
of Fe ions on the Ma and Mg sites possibly changing during the thermal treatment (due to the
possible mobility of Fe at these elevated temperature) make it impossible for us to rule out the

loss of small amounts of Mg from the Ma site. The refinements indicate that thermal energy at
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modest temperatures of 250 — 400 <T is sufficient to enable Mg-ion motion through the I site,
but is not sufficient to permit Mg-ions to access the I site. As a result, the Mg ions from the Ma
site will not contribute to the achievable specific capacity of this framework. The two best
pathways for improving the performance of the pyroborate framework are (1) chemical
substitutions that improve the mobility of Mg®" ions travelling through the Ig interstitial site in
this structure, and (2) thermal treatments or chemical substitutions that result in a larger number

of Mg cations on the Mg octahedral site, enhancing the specific capacity.

5.4 Conclusions

Two classes of borates with quadruple octahedral ribbons were investigated for their
suitability as Mg-ion battery cathodes due to their high theoretical capacity for this application.
The orthoborate MgVBO, and the pyroborate compounds MgxFe,«B,Os were synthesized by
solid state methods and their structures were for the first time accurately determined through the
Rietveld refinement of synchrotron X-ray and time-of-flight neutron diffraction data. In both
compounds, there two distinct types of octahedral sites — the Mx site at the edge of the quadruple
ribbons and the Mg site at the center of the quadruple ribbons. Both experimental (attempted
chemical and thermal oxidation) and theoretical (bond valence sum difference maps) analysis
suggests that Mg ions are fully immobilized in MgVVBO, over the full range of temperatures over
which this framework is stable (below ~450 <C). In contrast, it is experimentally demonstrated
that Mg-ions can be removed from MgxFe,xB,Os (x = 2/3, 4/3) by thermal oxidation over an
approximate temperature range of 200 — 500 <C. BVS difference maps suggest that the preferred

diffusion pathway for Mg®* ions is through interstitial sites which are paired with the inner Mg
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octahedral sites, and it is confirmed through Rietveld refinements that only the Mg?* ions at this
site are selectively depopulated during thermal oxidation, validating the BVS difference map
method as a predictive tool for understanding Mg-ion diffusion. The topology of this interstitial
diffusion pathway resembles that of the aisle in a parking lot and therefore makes this pathway
insensitive to disorder (Mg/Fe mixing) on the Mg octahedral site, allowing extra flexibility in
future efforts to improve the Mg-ion mobility in this structure by chemical substitution.
Although the present the pyroborate MgyFe,..B,Os compounds do not have mobile Mg®* ions at
room temperature, their ability to transport Mg?* ions at modest temperatures (~250 <C) is a
promising advance given the current lack of oxide structures with the ability to reversibly
intercalate Mg-ions at room temperature. Based on the BVS analysis, it is expected that both the
present pyroborate and the well-known olivine structure types have good potential for supporting

Mg-ion diffusion at or near room temperature with appropriate chemical substitution.
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Chapter 6

Conclusions

Detailed structural characterizations of transition metal borates for rechargeable battery
applications were for the first time systematically studied in this dissertation. A particular focus
of this dissertation study is to understand the structure-property correlations in the two general

series of compounds (i.e., lithium metal borates and magnesium metal borates).

LiMBO3; (M = Fe and Co) were synthesized in various forms (i.e., ceramic powder,
nanocomposite and thin film), to evaluate their potential as cathodes for Li-ion batteries. The
electrochemical performance of LiFeBOs is observed to be superior to that of LiCoBOs. This is
likely due to either the extremely low electronic conductivity associated with LiCoBOs3, or the
relative thermodynamic instabilities of Li;.xCoBOs, making the delithiated phase impossible to

access electrochemically to date.

The good electrochemical performance of LiFeBO3; was achieved at the price of careful
handling of the compound under rigorous control of air exposure. A central issue is the low
operation voltage of LiFeBO3; (~2.8 V vs. Li*/Li), which leads to LiFeBO;3 delithiation and
degradation by the oxidative constituents in air (e.g., O,, H,O and CO,). The degradation of
LiFeBO3; produces a distinct secondary phase with essentially the same structural framework as
the parent LiFeBO3 structure, but with Fe/Li disorder and likely Fe deficiency. This makes the
conversion between LiFeBO3 and its degraded counterpart an irreversible process. The degraded

LiFeBOs3 , however, can be cycled at a relatively low voltage (~1.8 V vs. Li*/Li).

197



When compared with LiFePO,, LiFeBO3; shows poor electronic conductivity and low
operation voltage (Fe**/Fe®* redox couple). The former may be simply rationalized according to
the connectivity of Fe-O polyhedra in the two different structures. While corner shared FeOg
ocatahedra are connected within bc plane in LiFePO,, edge-shared FeOs trigonal bipyramids
only provide a possible 1D electronic conduction path along [1-10] direction in LiFeBO3. The
low operation voltage associated with LiFeBOs is likely related with the less eletronegativity of
B than that of P (Pauling electronegativity scale), which yields less inductive effect based on the

Goodenough formalism.

Future design of borate based compounds for Li-ion battery applications should therefore
be directed to compounds showing multidimensionality of metal-oxygen connection, to provide
good electronic conductivity. The use of Fe**/Fe?* redox couple should be probably combined
with the use of pyroborate group (B,Os"), as the use of pyroborate group may provide a higher
operation voltage than that of borate group by making analogy to the relative voltages of
Fe**/Fe®* redox couples in Li,FeP,O; and LiFePO,. Mn and Co based compounds should also be
explored, since the Mn**/Mn?*" and Co**/Co?* redox couples tend to operate at higher voltages

than Fe**/Fe?* redox couple.

Ribbon-type magnesium metal borates were also studied in this dissertation as potential
cathodes for magnesium-ion battery applications. The ribbons in MgVBO, and MgxFe,.xB,Os are
formed by 4-column-wide edge shared metal-oxygen octahedra, which extend infinitely along
one lattice direction, although the topology of ribbon connections are different in these two
structures. Intriguingly, it is observed that the pyroborate MgxFe,.xB,Os structural framework
exhibits a defect tolerant Mg diffusion pattern, based on the bond-valence-sum map analysis and

neutron diffraction studies. Since the interstitial spaces connecting MgOs octahedra are
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accessible to Mg ions with a moderate activation barrier, Mg ions can hop out of their original
"parking spots™ and enter the interstitial "aisles” for diffusion to occur (a "parking lot" diffusion
mechanism). It is expected that studies of related compounds can be a rewarding path in the

search of cathode materials for Mg-ion battery applications.

Borates groups are light, and can be present in various forms, e.g., trigonal planar BOs%,
tetrahedral BO,”, and planar pyroborate B,Os*. Borate based compounds, therefore, provide an
exciting platform for explorations of new battery materials. It is believed that many structural
insights obtained from this dissertation study can serve as basis for the future exploration of

transition metal borates for battery applications.
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